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Populärvetenskaplig Sammanfattning  

Titel: Processbarhet av laserpulverbäddssmältning av legering 247 LC- Påverkan 
av processparametrar på mikrostruktur och defekter           

Nyckelord: laserpulverbäddssmältning, legering 247LC; additiv tillverkning; 
superlegeringar; processbarhet; sprickor; porositet. 

Denna avhandling handlar om laserpulverbäddsmältning (L-PBF) av legeringen 
247LC. Legering 247LC används i gasturbinblad och tillverkningen av bladen 
med L-PBF ger fördelar i förhållande till bladen tillverkade med konventionella 
metoder. Detta beror huvudsakligen på att L-PBF är mer lämpad än 
konventionella metoder för att tillverka de komplexa geometrier som krävs för 
bladen. Forskningen var motiverad utifrån behovet hos akademi och industri att 
få kunskap om legeringens processbarhet gällande L-PBF. Kunskapen är 
nödvändig för att kunna lösa problemet med sprickbildning, vilket är ett stort 
problem vid tillverkningen av legeringen. Avhandlingen besvarade några av de 
viktiga frågorna relaterade till förhållandet mellan processparametrar och 
mikrostruktur. 
Avhandlingen presenterade en introduktion i kapitel 1. En litteraturöversikt 
gjordes i kapitel 2 till 4. I kapitel 2 introducerades ämnet additiv tillverkning följt 
av en översikt över smältbaserad laserpulverbädd. Kapitel 3 fokuserade på 
superlegeringar. Kapitel 4 granskade tillgänglig forskning om L-PBF i legering 
247LC. Metodiken som använts i avhandlingen diskuterades i kapitel 5. 
Huvudresultaten och diskussionerna presenterades i kapitel 6. 
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Title: Processability of Laser Powder Bed Fusion of Alloy 247LC -
Influence of process parameters on microstructure and defects 

Keywords: laser powder bed fusion; Alloy 247LC; additive manufacturing; 
nickel-based superalloys; processability; cracks; voids. 

ISBN 978-91-88847-71-3 (printed) 

ISBN 978-91-88847-70-6 (electronic) 

This thesis is about laser powder bed fusion (L-PBF) of the nickel-based 
superalloy: Alloy 247LC. Alloy 247LC is used mainly in gas turbine blades and 
processing the blades with L-PBF confers performance advantage over the 
blades manufactured with conventional methods. This is mainly because L-PBF 
is more suitable, than conventional methods, for manufacturing the complex 
cooling holes in the blades. The research was motivated by the need for 
academia and industry to gain knowledge about the processability of the alloy 
using L-PBF. The knowledge is essential in order to eventually solve the 
problem of cracking which is a major problem when manufacturing the alloy. In 
addition, dense parts with low void content should be manufactured and the 
parts should meet the required performance. Thus, the thesis answered some of 
the important questions related to process parameter-microstructure-defect 
relationships. 

The thesis presented an introduction in chapter 1. A literature review was made 
in chapter 2 to 4. In chapter 2, the topic of additive manufacturing was 
introduced followed by an overview of laser powder bed fusion. Chapter 3 
focused on superalloys. Here, a review was made from the broader perspective 
of superalloys but was eventually narrowed down to the characteristics of nickel-
based superalloys and finally Alloy 247LC. Chapter 4 reviewed the main 
research on L-PBF of Alloy 247LC. The methodology applied in the thesis was 
discussed in chapter 5. The thesis applied statistical design of experiments to 
show the influence of process parameters on the defects and microstructure, so 
a detail description of the method was warranted. This was given at the 
beginning of chapter 5 and followed by the description of the L-PBF 
manufacturing and the characterization methods. The main results and 
discussions, in chapter 6, included a preliminary investigation on how the 
process parameters influenced the amount of discontinuity in single track 
samples. This was followed by the results and discussions on the investigation 
of voids, cracks and microhardness in cube samples (detail presentation was 
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given in the attached paper B). Finally, the thesis presented results of the 
microstructure obtainable in L-PBF manufactured Alloy 247LC. The initial 
results of the microstructure investigation were presented in paper A. 
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 Introduction 

The gas turbine industry desire to increase the efficiency of its engines. This is 
beneficial for fuel savings. If the maximum temperature in the first stage of the 
gas turbine can be increased, higher efficiency can be achieved [1]. One 
important challenge to overcome, to enable this, is to introduce a turbine blade 
manufactured out of a material that can withstand such high temperatures while 
still retaining its properties. Properties like creep, fatigue, oxidation and 
corrosion resistance are crucial in this application. To further increase the 
operating temperature, the turbine blades can be designed with complex internal 
cooling channels in order to supply air to cool the material. Such complex 
cooling channels are difficult to manufacture by using conventional 
manufacturing processes like for example by machining [2]. Laser powder bed 
fusion (L-PBF) is an additive manufacturing (AM) method that can be used to 
manufacture such complex designs. It is known that one of the advantages of 
AM is the freedom to manufacture geometrically complex parts without adding 
to the cost [3], [4]. The material of present interest is Alloy 247LC (LC means 
low carbon). This alloy has the required high temperature properties [5]. Thus, 
the use of Alloy 247LC, with the freedom to intrinsically design these complex 
cooling channels, may offer the opportunity for remarkable high temperature 
application. This makes L-PBF of Alloy 247LC an important area of research.  

Though the above idea is promising, there is a problem associated with 
manufacturing of Alloy 247LC by L-PBF. The main problem is that the material 
is susceptible to cracking [6]. The cracks are known to deteriorate the 
mechanical properties. Hence, the problem of cracking needs to be solved. 
Another requirement is that the L-PBF part should be dense i.e. the part should 
be free of voids. Void formation mechanisms are different from crack 
formation mechanisms. Voids are mostly influenced by the L-PBF process 
parameters and dense parts can be obtained by controlling these process 
parameters [6]. It may not be possible to completely eliminate cracks by 
controlling process parameters alone. The limitation of process parameters in 
eliminating cracks is also mentioned in welding literature [7] and L-PBF is to 
some extent comparable to a welding process [8]. Microstructure characteristics 
like grain structure and orientation, phase constituents, solidification, and 
segregation mechanism, also influence the crack formation and as such, must be 
considered. 



 

xvi 
 

t: layer thickness 

TCP: Topologically closed pack 

v: laser scanning speed 

 

 

 

1 
 

 Introduction 

The gas turbine industry desire to increase the efficiency of its engines. This is 
beneficial for fuel savings. If the maximum temperature in the first stage of the 
gas turbine can be increased, higher efficiency can be achieved [1]. One 
important challenge to overcome, to enable this, is to introduce a turbine blade 
manufactured out of a material that can withstand such high temperatures while 
still retaining its properties. Properties like creep, fatigue, oxidation and 
corrosion resistance are crucial in this application. To further increase the 
operating temperature, the turbine blades can be designed with complex internal 
cooling channels in order to supply air to cool the material. Such complex 
cooling channels are difficult to manufacture by using conventional 
manufacturing processes like for example by machining [2]. Laser powder bed 
fusion (L-PBF) is an additive manufacturing (AM) method that can be used to 
manufacture such complex designs. It is known that one of the advantages of 
AM is the freedom to manufacture geometrically complex parts without adding 
to the cost [3], [4]. The material of present interest is Alloy 247LC (LC means 
low carbon). This alloy has the required high temperature properties [5]. Thus, 
the use of Alloy 247LC, with the freedom to intrinsically design these complex 
cooling channels, may offer the opportunity for remarkable high temperature 
application. This makes L-PBF of Alloy 247LC an important area of research.  

Though the above idea is promising, there is a problem associated with 
manufacturing of Alloy 247LC by L-PBF. The main problem is that the material 
is susceptible to cracking [6]. The cracks are known to deteriorate the 
mechanical properties. Hence, the problem of cracking needs to be solved. 
Another requirement is that the L-PBF part should be dense i.e. the part should 
be free of voids. Void formation mechanisms are different from crack 
formation mechanisms. Voids are mostly influenced by the L-PBF process 
parameters and dense parts can be obtained by controlling these process 
parameters [6]. It may not be possible to completely eliminate cracks by 
controlling process parameters alone. The limitation of process parameters in 
eliminating cracks is also mentioned in welding literature [7] and L-PBF is to 
some extent comparable to a welding process [8]. Microstructure characteristics 
like grain structure and orientation, phase constituents, solidification, and 
segregation mechanism, also influence the crack formation and as such, must be 
considered. 



 

2 
 

 It is apparent that in order to finally solve the problem of cracking an extensive 
investigation covering a wide area is required. It is, however, necessary to 
prioritize a detailed study on how the process parameters are affecting the 
defects (crack and voids). For example, it is important to clarify what type of 
relationship exist between the amount of defects and the process parameters. It 
is also necessary to know which individual or combination of process 
parameter(s) have significant influence on the defects and to statistically quantify 
how they influence defect formation. Furthermore, it is essential to gain 
knowledge about how the process parameters influence the microstructure. 
Here, the microhardness is vital as it can be related to the precipitation of γ’ 
which is responsible for strengthening in Alloy 247LC. The thorough 
understanding of the above is important in order to eventually be able to 
manufacture parts with minimum amount of defects and acceptable strength. 
Certainly, as was mentioned earlier, it is also required to understand many other 
aspects of the microstructure as this will in the future support investigation of 
the cracking mechanism. The grain structure, element segregation and phases 
affect the microstructure [6], [9], [10] and are therefore of interest. In spite of 
the importance of this AM method for manufacturing Alloy 247LC parts, only 
limited research in this area have been undertaken with the following references 
judged to be the most relevant[6], [10]–[15]. There may be a number of reasons 
for the limited number of studies, but those reasons may be aggravated because 
of the processability problems experienced. The unavailability of well-developed 
process parameters is also known to limit the immediate application of L-PBF 
technology in the gas turbine industry [4], [16]. Thus, this thesis is also 
motivated by its industrial relevance.   

1.1 Objective 

The challenges raised in the above paragraph led to the objective of this thesis 
which is to extend further the present understanding and knowledge about the 
relationship between L-PBF process parameters and the material microstructure 
in terms of void and crack formation as well as strength for L-PBF of Alloy 
247LC.  

1.2 Research questions 

The research questions are formulated in the following statements:  

In L-PBF manufactured Alloy 247LC: 

• How do the process parameters (power, speed and hatch) 
influence the formation of defects? 

INTRODUCTION 
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o How does the process parameter affect the amount of  
voids and cracks? 

o Which process parameters have the strongest influence 
on the amount of voids and cracks? 

o How does the positioning of the samples in the build 
chamber influence the amount of voids and cracks? 

• How do the process parameters influence the strength in terms 
of microhardness? 

o What is the relationship between the microhardness 
and the amount of void and cracks? 
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 Additive Manufacturing 

Additive manufacturing (AM) involves the building of parts one layer at a time 
from the details obtained from a CAD model. AM has advantage over 
traditional manufacturing methods in that lesser amount of tooling is required in 
AM [3]. Various technologies are associated with AM and are classified 
according to the materials that can be processed, the method of creating and 
bonding the layers [3]. AM used in alloy processing are classified into two 
categories namely: Directed Energy Deposition (DED) and Powder Bed Fusion 
(PBF) [8]. In addition, AM methods can furthermore be classified according to 
the heat source used that includes laser, electron beam, plasma arc and gas metal 
arc. The feed stock material in PBF is powder while in DED it is either powder 
or wire. These technologies vary in terms of productivity, maximum size of 
parts produced, quality and dimensional accuracy.  

2.1 Laser Powder Bed Fusion 

Laser powder bed fusion is an AM process which is classified under PBF. Yap 
et.al reviewed this process extensively [17]. The process is illustrated in Figure 1.  
In this process, laser (for example Nd:YAG fibre laser) is the energy source. 
Manufacturing is preceded by making a 3D design in CAD. CAD data is 
converted to a Stereolithography (STL) file; the CAD drawing is sliced into 
layers with a software, for example Magic. The software is also used to design 
support structures for overhang features of the part. Such support structure also 
dissipate heat away from the part. The main features of the L-PBF process are 
as follows: 

1. A recoater blade spreads powder on a substrate material. 

2. The laser is applied, and it melts selective areas of the powder bed. The 
transient melt pool eventually melts the whole layer and subsequently 
solidify as illustrated in Figure 1. 

3. The platform is lowered, and a new layer of powder is spread onto the 
bed by the recoater. 

4. Step 2 is repeated followed by step 3 until the complete part is formed. 

5. Unmelted powder is removed from the process chamber. 
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6. The parts is removed from the base plate by electrical discharge 
machining. 

The operation takes place in a chamber filled with inert gas such as argon to 
prevent oxidation. The key process parameters are laser power (power), 
scanning speed (speed), hatch distance (hatch) and layer thickness (layer). These 
parameters have been shown to have strong influence on the processability [11], 
[18]–[20]. When the laser strikes the powder bed, it initially melts a single track 
of powder on the bed. The property of this single track influences the properties 
of the eventual formed 3D part [17], [21].   

                          

 

Figure 1. L-PBF process where laser is used to melt a powder layer creating a melt 
pool that spreads until the whole layer is molten. Reproduced from [22], with 

permission of Elsevier. 

2.2 Heat source and material interaction in L-PBF 
process 

The energy density equation 1 below combines the joint effect of the process 
parameters: power (P), scanning speed (v), hatch (h) and layer thickness (t) to 
calculate the volumetric energy density (henceforth referred to as energy density) 
supplied to the material.  

𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸𝐸 𝑑𝑑𝐸𝐸𝐸𝐸𝑑𝑑𝑑𝑑𝑑𝑑𝐸𝐸 = 𝑃𝑃 𝑣𝑣 ∙ ℎ ∙ 𝑑𝑑⁄    (1)   

The solid powder particles are in contact with one another, but they also have 
air in between them. They subsequently melt after contact with the laser. Heat is 
transferred from the laser and also between the particles and by mechanisms of 
radiation, conduction and convection [21].  The L-PBF process has high thermal 
gradients and cooling rates. The thermal gradients are in the range of 5-20 
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K/µm according to [23]. Cooling rates have been reported to be between 106 −
108 𝐾𝐾/𝑠𝑠 [24]. This is higher than the cooling rates in welding and other AM 
processes. For example, the cooling rate in laser welding is in the range  102 −
106 𝐾𝐾/𝑠𝑠 [25]. However, L-PBF is similar to a welding process; the melt pool 
follows the direction of the heat source in both processes [8]. The thermal cycle 
of L-PBF is complex and varies at different locations. Figure 2  illustrates the 
variation of temperature with time for a set of single tracks melted side by side. 
[26] The temperature is indicated at the start of each track simultaneously for all 
the tracks. When the laser is melting the powder, at the start of track 1 for 
example, temperature is at its peak well above the melting temperature. The 
temperature drops as the laser travel away from the point and solidification and 
cooling of that point in track 1 occur. It can be observed that the other tracks, 
are affected by this heat at the same time. Track 2 is observed to also melt even 
though the laser has not reached its location. These trends are repeated when 
the laser gets to the start of every track as displayed in Figure 2. The nature of 
the thermal cycle, as described, transforms the microstructure at each location 
continually as the process proceeds. The high thermal gradients, cooling rate 
and spatial variation of temperature contribute to the build-up of residual 
stresses which is the reason such high stress is observed in L-PBF.  The thermal 
properties may also vary depending on whether the melting is at a location 
surrounded by powder or whether it is close to the substrate. This is because 
powder has lower thermal conductivity than bulk material [19] .  

 

 

Figure 2: Thermal  history of five single tracks positioned side-by-side during the 
sequential melting of each track [26]. Reproduced from [26], with permission of 

Elsevier. 
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 Superalloys 

3.1 Introduction 

Superalloys are used in high temperature applications in aero engines and power 
plant gas turbines. They have good creep, fatigue, corrosion and oxidation 
resistance at the high temperatures experienced in these engines. The highest 
temperature in the engines are between approximately 1204 to 1371°C [27]. The 
superalloys have material tolerance to a remarkably high temperature level but 
they are used far above the material tolerance with the addition of supporting 
technologies like blade cooling and thermal barrier coatings. Superalloys are 
grouped into cobalt-, nickel- and iron-nickel-based. These groups are named 
according to the element that is the solvent. For example, nickel-based 
superalloys have nickel as the solvent where it forms a solid solution with 
elements such as Cr, Co, Mo etc. Traditionally, the superalloys exist in cast and 
wrought forms; the alloys can also be processed by powder metallurgy [27]. 
Nickel-based superalloys are the preferred alloys where strength is to be retained 
at very high temperatures. Ni belongs to the transition metals. Ni has a 
propensity to form solid solutions with other elements especially transition 
metals of similar atomic radii (Cr , Co, Mo etc);  this is in line with Hume-
Rothery rules of solid solution [28]. This type of combination forms the γ 
matrix. Al and Ti, which have bigger atomic radii, also combine with Ni but 
prefer to form the γ’ phase. C and B have relatively smaller atomic radii and 
form carbides and borides respectively in the grain boundaries of the γ phase 
[28]. When the amount of some solid solution elements like Cr and Mo for 
example are present in an high amount, intermetallic topologically closed pack 
(TCP) phases may form [28]. These phases are detrimental to performance, so 
the composition is carefully designed to exclude TCP phases. Some of the 
alloying elements in superalloys and their functions are presented in Table 1 
[27]. The main interest in this thesis is Alloy 247LC which is a precipitation 
hardening nickel-based superalloy. Some of the characteristics of precipitation 
hardening nickel-based superalloy are explained in the following sections. 

Table 1 The elements in a superalloy and their functions [27] 

Elements Function 
Co, Cr, Mo, W, Ta Solid solution strengthening  
W, Ti, Ta, Hf MC carbide formers 
Al, Ti, Ta γ' formers 
Co Increases the solvus temperature of γ’ 
Al, Cr Gives oxidation properties 
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B, Ta Improves creep strength 
B Improves rupture strength 
B, C, Zr, Hf Grain boundary refiners 
 

3.2 Physical metallurgy 

3.2.1 γ phase 

The γ phase has a face-centered cubic (FCC) crystal structure. Reed [28] 
estimated the ∆G ( change in Gibbs free energy)  from liquid to FCC in a Ni-Cr 
binary alloy and compared it to the ∆G from liquid to body centered cubic 
(BCC) in the same alloy. A higher negative value ∆G of -17300 + 10T J/mol 
was estimated in the former. This implies that the driving force to form FCC is 
higher than the driving force to form BCC (-9800 +10T J/mol) in the Ni-Cr 
alloy. The driving force to form FCC was also higher than the driving force to 
form hexagonal closed packed (HCP) when a similar estimation was done [28].  
This means that it is thermodynamically favoured to stabilize FCC instead of 
BCC and HCP. The FCC crystal structure is critical to the properties of nickel-
based superalloys as will be continually noted in the discussions in this chapter. 
Ni is particularly desirable element as it retains the FCC structure from room 
temperature up to its melting temperature without any allotropic 
transformations. The γ phase provide solid solution strengthening in nickel-
based superalloys mainly because of the size misfit between solutes and solvent. 
Although the atomic elements have close atomic radii as explained in the 
previous section, these radii are not equal, and some differences exist. Such 
differences in atomic radii introduces compressive or tensile strains that tend to 
nullify the dislocation strains. In this way, an alloy is strengthened [29]. It is 
known that an addition of a solid solution element to Ni changes the lattice 
constants with a corresponding increase in flow stress [1]. Other factors that 
contribute to solid solutioning include the modulus misfit (modulus difference 
between the solute and solvent) and the extent of short range order. A 
comprehensive explanation of the models describing these effects is given in [1]. 

3.2.2 γ' precipitate  

γ’ is precipitated from the γ phase. γ’ has a formula 𝑁𝑁𝑁𝑁3𝐴𝐴𝐴𝐴, (𝑇𝑇𝑁𝑁, 𝑇𝑇𝑇𝑇). Ti or Ta 
can replace Al but will form less stable compounds than the compound formed 
with the latter element [1]. The γ’ is responsible for precipitation hardening in 
nickel-based superalloys which is the primary mode of strengthening [27]. The 
crystal structure is FCC. Unlike the FCC in γ which has a random arrangement 
of atoms, the FCC in γ’ is ordered. Order means that the lattice locations of the 
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atoms are not equivalent, and atoms occupy designated locations in the so called 
superlattice (a lattice with a long range order). In a random arrangement of 
atoms, the lattice locations are equivalent. The ordered 𝑁𝑁𝑁𝑁3𝐴𝐴𝐴𝐴 superlattice is 
designated  𝐿𝐿12 where Ni atoms occupy face centres and Al atoms occupy the 
lattice corners. This arrangement exists over a long range order [30]. The reason 
why ordering exist can be explained by considering the thermodynamics in, for 
example, a binary solid solution of pure A and pure B; A and B are of the same 
crystal structure and form an homogenous solid solution of the same crystal 
structure [30]. The chemical potential µ𝐴𝐴 when the above is modelled as a 
regular solution is given as: 

µ𝐴𝐴  =  𝐺𝐺𝐴𝐴 +  𝛺𝛺(1 − 𝑋𝑋𝐴𝐴)2 + 𝑅𝑅𝑅𝑅𝑅𝑅𝑅𝑅 𝑋𝑋𝐴𝐴     (2) 

Where 𝛺𝛺 = 𝑁𝑁𝑎𝑎𝑧𝑧𝑧𝑧 

𝐺𝐺𝐴𝐴 is the molar Gibbs free energy of A. 𝑋𝑋𝐴𝐴 is the molar fraction of A in the 
solution. R is the universal gas constant and T is the temperature. 𝑁𝑁𝑎𝑎 is the 
Avogadro’s number, z is the number of bonds per atom and 𝑧𝑧 represent an 
estimated bond energy. µ𝐵𝐵 can also be estimated in a similar way. For an ideal 
solution, 𝛺𝛺 =  0. A regular solution, as described above, is modelled using the 
quasi-chemical approach and has assumed that 𝑧𝑧 is close to zero [30]. In this 
model, the atoms will have a random arrangement. The aforementioned model 
does not correctly represent µ𝐴𝐴 when, 𝑧𝑧 is less or greater than zero. For 
example, when  𝑧𝑧  < 0, the solid solution will have more A-B atom bonds than 
A-A or B-B. The A-B bonds constitute an ordered arrangement which 
minimises the Gibbs free energy. Ordering can be defined by a parameter L 
such that  

𝐿𝐿 =  𝑟𝑟𝐴𝐴−𝑋𝑋𝐴𝐴
1−𝑋𝑋𝐴𝐴

                                                                                                      (3) 

Where 𝑟𝑟𝐴𝐴 is the probability that atom A will occupy a designated site such that 
order is maintained in the crystal. The L values lie in the range of 0 to 1 where 0 
represents complete disorder and 1 represent complete order. At relatively low 
temperatures enthalpy is dominant hence ordering is maintained but as 
temperature increases the effect of entropy becomes significant and a random 
arrangement of atoms may occur. Evidence obtained from neutron 
diffractometry investigation, however, indicate that ordering is maintained in γ’ 
up to its melting temperature [28]. Another important characteristic as stated in 
[28] is that γ’ has a cube-cube coherent orientation with γ designated as: 

{100}𝛾𝛾 // {100}𝛾𝛾′  
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The high coherency between these phases ensure that misfit is low and the 
interfacial energy is thereby low  [28], [30]. Misfit in superalloys is stated in [28] 
as:  

𝛿𝛿 = 2 𝑥𝑥 [ 
𝑎𝑎𝛾𝛾′−𝑎𝑎𝛾𝛾
𝑎𝑎𝛾𝛾′+𝑎𝑎𝛾𝛾

]                                                                                            (4)  

Where 𝛿𝛿 is the misfit; 𝑎𝑎𝛾𝛾′ and 𝑎𝑎𝛾𝛾 are the lattice parameters of γ’ and γ 
respectively. The works of Ricks et al. [31] showed that with increasing ageing, 
the γ’ morphology changed in the following order: spherical, cubes, arrays of 
cubes and solid state dendrites. It was also shown that the smaller the misfit, the 
larger the γ’ size that preceded the transformation from spherical to cube 
shapes. A common occurrence when nickel-based superalloys are subjected to 
increasing high temperatures is that the γ’ precipitate start to coarsen and there 
is loss of coherency with the γ matrix. This is associated with loss of 
strengthening and performance. Once again, thermodynamics can be used to 
explain the phenomenon of particle coarsening. The Gibbs free energy is 
minimised by reducing the total interfacial energy. This implies that a low 
density of large particles is more thermodynamically stable than a high density of 
small particles, hence, large particles grow and smaller particles diminish in line 
with the phenomenon of Ostwald’s ripening [30]. The equation governing the 
mean increase in radius of curvature with time is given in [30] as: 

�̃�𝑟3 − 𝑟𝑟0
3 = 𝑘𝑘𝑘𝑘                                                                                                 (5) 

Where �̃�𝑟 is the mean radius at a time t. 𝑟𝑟0 is the mean radius at time t=0 and k is 
a constant. Consequently, the rate of increase of the mean radius is given as: 

𝑑𝑑�̃�𝑟
𝑑𝑑𝑑𝑑 ∝  𝑘𝑘

�̃�𝑟2                                                                                                           (6) 

This means that the rate of growth of small particles (with smaller �̃�𝑟) will be 
quick [30], [32]. The constant k is proportional to the terms given in the 
following.  

𝑘𝑘 ∝  𝐷𝐷𝐷𝐷𝑋𝑋𝑒𝑒                                                                                                      (7) 

Where D is the diffusion coefficient, 𝐷𝐷 is the interfacial energy and 𝑋𝑋𝑒𝑒 is the 
equilibrium solubility of large particles. From the equation for k, it is apparent 
that k, and consequently rate of coarsening, can be reduced by reducing any of 
𝐷𝐷, 𝐷𝐷, 𝑜𝑜𝑟𝑟 𝑋𝑋𝑒𝑒 [30]. For example, when the misfit between the γ and γ’ were 
eliminated by modifying the composition of Nimonic alloys (Nimonic alloys are 
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precipitation hardening nickel-based superalloy), the interfacial energy 
𝛾𝛾 reduced, this allowed a corresponding increase in creep performance which 
was attributed to a reduced rate of coarsening [30]. It is to be noted that 
𝐷𝐷, 𝑎𝑎𝑎𝑎𝑎𝑎  𝑋𝑋𝑒𝑒 have an exponential relationship with temperature so the rate of 
coarsening quickly increases at high temperatures [30]. Thus, from the above 
relationships, it is established that the rate of coarsening increases with 
increasing temperature and time. Ageing heat treatments, as such, are 
implemented at temperatures and times to optimize the γ’ size and prevent 
coarsening.  

Different models describe the dislocation movements that provide 
strengthening of which the most dominant are the particle cutting and 
dislocation bypass (Orowan bowing) models [1]. Particle cutting and the 
consequent strengthening primarily arise because of the effect of the long range 
order and the associated APB observed in γ’. The dislocations in γ’ occur in 
pairs in order to completely cut the precipitate; this dislocation pair is called 
super dislocation [1], [28]. The first dislocation cutting through, which is a  
𝑎𝑎 2⁄ < 110 > {111} , will cause APB to form while a  second dislocation of the 
same type will remove the APB [1], [28]. The high energy APB presents a 
significant restraint to dislocation movement. This is the reason why high 
strengthening occur. APB occurs where there is a boundary of sublattices with 
wrong paring of atoms i.e. there is a Ni-Ni pairing instead of the Ni-Al that 
existed in the original superlattice [28], [30]. Particle cutting also occur when 
dislocation movement is inhibited by γ/γ’ coherency strains [1]. The 
aforementioned models are limited to small γ’ sizes. Above a critical γ’ size, 
dislocations will prefer to bow or climb the γ’ particle and strengthening is 
conferred according to the Orowan bypass model [1].  

3.2.3 Carbides 

Carbides  confer grain boundary strengthening in nickel-based superalloys [28]. 
It prevents sliding of the grain boundary thereby improving the rupture strength 
[1], [28]. Carbide also combines with reactive elements which thus prevents the 
formation of detrimental phases in the matrix [1]. MC, 𝑀𝑀23𝐶𝐶6, 𝑀𝑀6𝐶𝐶 type 
carbides are generally observed. M in MC can be Hf, Ta or Ti. Thermodynamics 
predict that HfC is the most stable of the carbides and is followed by TiC. TaC, 
however, forms faster than TiC [1]. MC have FCC crystal structure and form 
during solidification. They dissociate into 𝑀𝑀23𝐶𝐶6 and 𝑀𝑀6𝐶𝐶 at lower 
temperatures or during service according to the reactions: 

𝑀𝑀𝐶𝐶 +  𝛾𝛾 →  𝑀𝑀23𝐶𝐶6 +  𝛾𝛾′  
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𝑀𝑀𝑀𝑀 +  𝛾𝛾 →  𝑀𝑀6𝑀𝑀 +  𝛾𝛾′ 

Decomposition of MC to 𝑀𝑀23𝑀𝑀6  and  𝑀𝑀6𝑀𝑀 have been observed to occur 
between 760 ℃ - 980 ℃ and 815 ℃ - 980 ℃, respectively [1]. 

3.3 Alloy 247LC 

Alloy 247LC is a γ’ precipitation strengthening nickel-based superalloy with 
characteristics similar to what was explained earlier in this chapter. Some other 
specific characteristics are highlighted in this section. The alloy has excellent 
creep, oxidation and corrosion resistance [5]. This makes it suitable for the gas 
turbine blades used at very high temperatures. Alloy 247LC is derived from 
Alloy 247. The composition of both alloys is given in Table 2.  

Table 2 The nominal composition of Alloy 247LC (in bold) and Alloy 247 
(wt.%)  [5] 
 

3.3.1 Phases 

In the early period when directional solidification (DS) was utilized for 
processing of turbine blades, researchers at Cannon-Muskegon corporation 
could not successfully cast Alloy 247 by DS. The alloy cracked [5]. The 
researchers developed a low carbon variant, Alloy 247LC to address this 
problem. The chemical composition was modified as displayed in Table 2. After 
modifying the composition, Alloy 247LC resisted the grain boundary cracking 
that its predecessor, Alloy 247 failed to resist. The composition of Alloy 247LC 
was enhanced with a microstructure that was improved compared to its 
predecessor, Alloy 247. C was reduced from 0.15 wt.% to 0.07 wt.% to form the 
LC variant. This resulted in stable carbide microstructure with good ductility; 
this carbide was script shaped MC rich in Ti and Ta in the script core. Lowering 
C released carbide forming elements, which were known to form a sigma (σ) 
phase. A TCP σ phase can be detrimental to the microstructure as observed in 
the similar TCP P phase, which acted as sites for crack initiation in cast Alloy 
247 [33]. The TCP phase was reported to be present in the aged condition of L-
PBF manufactured Inconel 939 [34]. Hence, to prevent the formation of a σ 
phase, Harris et al. reduced Cr and Mo. Ti was reduced from 1.0 to 0.7 wt.% 
and it was reported that consequently the γ/γ’ eutectic size and volume fraction 
reduced in the LC variant. The latter modification was critical in eliminating DS 

C Cr Ni Co Mo W Ta Ti Al B Zr Hf 
0.07 8.1 Bal 9.2 0.5 9.5 3.2 0.7 5.6 0.015 0.015 1.4 
0.15 8.4 Bal 10 0.7 10 3 1 5.5 0.015 0.05 1.5 

SUPERALLOYS 
 

15 
 

grain boundary cracks.  Reducing W from 10 to 9.5 wt.% led to reduced 𝑀𝑀6𝐶𝐶 
platelet forming after solution heat treatment. The reduction in Ti and W 
contributed to the elimination of the unwanted σ phase. The researchers 
explained that an increase in Hf prevented DS grain boundary cracking; 
however, high contents of 2 wt.% formed HfO inclusions [5]. Hence, the initial 
1.4 wt.% content in Alloy 247 was also used in Alloy 247LC. 

3.3.2 Phase transformation and heat treatment 

During the processing of Alloy 247LC, it is important to know the phase 
transformation temperatures. Such information can be used to tailor the 
microstructure during processing or post processing heat treatments in order to 
obtain the desired properties. The phase transformation temperatures of L-PBF 
Alloy 247LC (as-built and heat treated) and cast Alloy 247LC samples were 
measured by differential scanning calorimetry (DSC) [10]. Table 3 displays the 
results. 

Table 3 Phase transformation temperatures (℃) [10] 

 DSC as built L-
PBF  

DSC as built + 
heat treated 

DSC cast 

𝑇𝑇𝛾𝛾′𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠 − 𝑇𝑇𝛾𝛾′𝑒𝑒𝑒𝑒𝑒𝑒  1254-1265 1246-1265 1239-1252 
Solidus 1279 1279 1295 
Dissolution of C 1357 1356 1355 
Liquidus 1373 1373 1373 
 

As mentioned above, heat treatments are applied in order to initiate phase 
transformations, that will produce good properties. A commonly applied heat 
treatment in Alloy 247LC is precipitation heat treatment. Precipitation heat 
treatment is applied in order to precipitate the γ’ size and morphology necessary 
for optimum strengthening. The first three rows of Table 4 presents examples 
of precipitation heat treatments [6], [27]. First, a solution heat treatment 
(marked in bold) is applied to dissolve all γ. This is followed by quenching 
which retains a supersaturated solid solution at room temperature. Subsequently, 
either a one stage or two stage aging heat treatment is done to precipitate fine γ’.   
It is common for the solutioning temperatures to be close to 𝑇𝑇𝛾𝛾′𝑒𝑒𝑒𝑒𝑒𝑒 (Table 3) as 
seen in L-PBF and DS. The aging temperatures are well below the 𝑇𝑇𝛾𝛾′𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠𝑠. The 
last column in Table 4 is hot isostatic pressing (HIP) and it is applied to close 
voids, but it may also close internal cracks. Notice that in HIP, pressure is 
applied for the heat treatment. 
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Table 4 Heat treatment temperatures  

Processing 
method 

Heat treatment details 

L-PBF 1260 ℃ / 2 hours / OQ* + 980 ℃ / 5 hours / AC** + 870 ℃ / 20 
hours/ AC [6] 

Cast DS 1230 ℃ / 2 hours / GFQ*** + 980 ℃ / 5 hours / AC + 870 ℃ /  
20 hours / AC [27] 

Cast PC**** 1080 ℃ /  4 hours / AC + 870 ℃ / 20 hours / AC [27] 
HIP 1180 ℃ 150 MPa, 4h dwell at 5 ℃/min heating and cooling [6]. 
* Oil quenched ** air cooling ***gas furnace quenched **** polycrystalline 
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 L-PBF of Alloy 247LC 

The thesis examines the processability of Alloy 247LC by L-PBF. In line with 
welding literature [7] the thesis considers processability from the following 
perspectives: 

• The production of defect free parts. Voids and cracks should be 
avoided. 

• The produced parts should have an acceptable microstructure without 
the presence of detrimental phases. The microstructure should display 
the required phases and precipitates: γ, γ’ and carbides as discussed in 
Section 3.2. TCP phases should be avoided as they are detrimental to 
the microstructure as discussed in Subsection 3.3.1.  

• The eventual mechanical properties and service performance should be 
adequate. For example, the creep strength is an important performance 
criterion that should be satisfied during service.   

4.1 Process defects 

4.1.1 Voids 

There are different types of voids depending on their origin and mode of 
formation. According to Debroy et al. [8], the following types of voids are 
identified: 

• Pores based on loss of alloying elements occur when a high energy 
density is applied during L-PBF, and some elements vaporize from the 
melt pool. This type of porosity was observed in L-PBF of Alloy 247LC 
in the work of Carter [6]. 

• Gas pores are formed either during the powder atomization process or 
in the inert gas atmosphere during the L-PBF process. In both 
situations, gas is entrapped in the material thereby creating pores that 
are spherical in shape. This type of porosity was observed in L-PBF of 
Alloy 247LC in the work of Divya et al. [10]. 

• Lack of fusion occur when there is no sufficient energy to melt the 
material and wetting of a layer to the previous layer or substrate is 
inhibited. These voids have higher aspect ratios than the previously 
mentioned pores. They also have rough edges. This type of defect was 
also described in the work of Carter.  
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• Keyhole mode pores occur when high energy density is used such that 
the keyhole formed subsequently result in a pore. This is because of 
instability of the process. 

In this thesis voids are classified as any or the combination of the above 
mentioned types. 

4.1.2 Cracks 

Alloy 247LC is susceptible to cracking during L-PBF mainly because the 
metallurgy of the alloy renders it susceptible to weld cracking. The works of 
Kou [35] and Lippold  [7], [36] describes these cracking mechanisms in detail. 
The mechanisms are solidification cracking, liquation cracking, strain age 
cracking and ductility dip cracking which are summarised in the following texts. 

Solidification cracking mechanism occurs in the last stage of solidification when 
dendrites are coalescing to form grains [37]. The presence of liquid between the 
dendrites in addition to the presence of high strains may prevent the dendrites 
from coalescing thereby forming cracks. Pellini explained this concept in the 
strain theory [7], [38]. According to the strain theory, two temperature ranges of 
the cooling weld are defined. The first is a temperature range just below the 
melting point called the mushy stage. At this stage, the liquid starts to solidify. 
In the mushy stage solid and liquid coexist and the strains are uniform and not 
sufficient to cause cracking [7]. The second is a temperature range called the 
film stage. At this stage, there is sufficient solid bridging and high strains are 
developed. Liquid still exist at this temperature range either because of 
equilibrium or non-equilibrium solidification. It is proposed that cracks occur 
when the strains exceed the ductility of the solid/liquid boundary [7]. In this 
theory, cracks do not occur in a solid/solid boundary therefore the cracks 
display a dendritic structure. As hinted above, non-equilibrium solidification for 
example segregation, extends the solidification temperature range where liquid 
films are present. Thus, alloys with a wide solidification temperature range are 
more susceptible to cracks [37].  An alloy’s critical temperature range is defined 
as the temperature range where between 0.95 and 1 fraction of solid have 
formed and where the alloy is more s susceptible to cracks [2].  Other factors 
influencing solidification cracking are the grain structure, surface tension of the 
liquid, the material ductility and the level of strain induced in the process [37]. 
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Liquation cracking usually occur when secondary constituents liquate during the 
heating thermal cycle and high strains are present. Such liquation occurs in the 
partially melted zone and can occur when, for example, segregated constituents 
between dendrites melt [7]. The liquation happens between the non-equilibrium 
and the equilibrium solidus. The partially melted zone is not obvious in L-PBF 
as it is in welding because of the nature of the thermal cycle and the frequency 
of reheating and remelting that occur in the former [refer to Section 2.1]. 
Factors affecting liquation cracking include the extent of liquation (this is 
dependent on segregation and the solidification temperature range), the hot 
ductility of the alloy, the presence of strains and the grain structure [37].  

Ductility dip cracking (DDC) mechanism is not fully established in literature yet 
[7]. The foremost theory on DDC was proposed by Rhines and Wray [39] and 
has been collaborated by other researchers [40]–[42]. The theory recognized that 
DDC is caused by grain boundary shearing below the recrystallization 
temperature. The shearing aids the voids located in the grain boundaries to join 
together which thereby cause failure. Nickel-based superalloys prone to DDC 
display a considerable drop in ductility at about 800 to 1150℃. Therefore, the 
materials will be susceptible to cracking when they encounter high enough 
strains.   

Strain age cracking (SAC) occur when there is precipitation of γ’ at the 
temperature range where stress relief occur [36]. This causes high strains at the 
grain boundary and can lead to cracking. If the heating rate during solution heat 
treatment is not fast enough, γ’ will be precipitated and it may intercept stress 
relaxation causing high strains. The susceptibility to strain age cracking will 
depend on the heating rate and the rate at which γ’ is precipitated in the alloy. 
Nickel-based superalloys with Al + Ti content of up to 4.5 wt.% and above are 
usually susceptible to strain age cracking. In those alloys, γ’ precipitation is fast 
which thereby aggravates cracking.  

4.2 Influence of process parameters on voids and 
cracks 

Previous research of L-PBF of Alloy 247LC investigated the defects and 
microstructure, however, the studies are few and many questions are still left 
unanswered. Prominent in these studies are the works of Carter [6]. Carter 
investigated the effect of process parameters on defects using Concept Laser 
M2 equipment. The study proposed optimised process parameters of laser 
power, scanning speed and dimensionless hatch distance of 150 J/s, 1500 mm/s 
and 0.2 respectively. Setting either high laser power or low scanning speed 
which corresponded to high energy density according to equation 1, resulted in 
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• Keyhole mode pores occur when high energy density is used such that 
the keyhole formed subsequently result in a pore. This is because of 
instability of the process. 

In this thesis voids are classified as any or the combination of the above 
mentioned types. 
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strain theory [7], [38]. According to the strain theory, two temperature ranges of 
the cooling weld are defined. The first is a temperature range just below the 
melting point called the mushy stage. At this stage, the liquid starts to solidify. 
In the mushy stage solid and liquid coexist and the strains are uniform and not 
sufficient to cause cracking [7]. The second is a temperature range called the 
film stage. At this stage, there is sufficient solid bridging and high strains are 
developed. Liquid still exist at this temperature range either because of 
equilibrium or non-equilibrium solidification. It is proposed that cracks occur 
when the strains exceed the ductility of the solid/liquid boundary [7]. In this 
theory, cracks do not occur in a solid/solid boundary therefore the cracks 
display a dendritic structure. As hinted above, non-equilibrium solidification for 
example segregation, extends the solidification temperature range where liquid 
films are present. Thus, alloys with a wide solidification temperature range are 
more susceptible to cracks [37].  An alloy’s critical temperature range is defined 
as the temperature range where between 0.95 and 1 fraction of solid have 
formed and where the alloy is more s susceptible to cracks [2].  Other factors 
influencing solidification cracking are the grain structure, surface tension of the 
liquid, the material ductility and the level of strain induced in the process [37]. 
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Liquation cracking usually occur when secondary constituents liquate during the 
heating thermal cycle and high strains are present. Such liquation occurs in the 
partially melted zone and can occur when, for example, segregated constituents 
between dendrites melt [7]. The liquation happens between the non-equilibrium 
and the equilibrium solidus. The partially melted zone is not obvious in L-PBF 
as it is in welding because of the nature of the thermal cycle and the frequency 
of reheating and remelting that occur in the former [refer to Section 2.1]. 
Factors affecting liquation cracking include the extent of liquation (this is 
dependent on segregation and the solidification temperature range), the hot 
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[7]. The foremost theory on DDC was proposed by Rhines and Wray [39] and 
has been collaborated by other researchers [40]–[42]. The theory recognized that 
DDC is caused by grain boundary shearing below the recrystallization 
temperature. The shearing aids the voids located in the grain boundaries to join 
together which thereby cause failure. Nickel-based superalloys prone to DDC 
display a considerable drop in ductility at about 800 to 1150℃. Therefore, the 
materials will be susceptible to cracking when they encounter high enough 
strains.   

Strain age cracking (SAC) occur when there is precipitation of γ’ at the 
temperature range where stress relief occur [36]. This causes high strains at the 
grain boundary and can lead to cracking. If the heating rate during solution heat 
treatment is not fast enough, γ’ will be precipitated and it may intercept stress 
relaxation causing high strains. The susceptibility to strain age cracking will 
depend on the heating rate and the rate at which γ’ is precipitated in the alloy. 
Nickel-based superalloys with Al + Ti content of up to 4.5 wt.% and above are 
usually susceptible to strain age cracking. In those alloys, γ’ precipitation is fast 
which thereby aggravates cracking.  

4.2 Influence of process parameters on voids and 
cracks 

Previous research of L-PBF of Alloy 247LC investigated the defects and 
microstructure, however, the studies are few and many questions are still left 
unanswered. Prominent in these studies are the works of Carter [6]. Carter 
investigated the effect of process parameters on defects using Concept Laser 
M2 equipment. The study proposed optimised process parameters of laser 
power, scanning speed and dimensionless hatch distance of 150 J/s, 1500 mm/s 
and 0.2 respectively. Setting either high laser power or low scanning speed 
which corresponded to high energy density according to equation 1, resulted in 
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high cracking density. If the setting was reversed, i.e. low power or high speed, it 
gave lower crack density.  High energy density displayed high amount of voids 
because of vaporization of some elements; lower energy density resulted in lack 
of fusion. Increasing the hatch distance resulted in high amount of voids. The 
mechanism of cracking was solidification cracking at high energy density, the 
mechanism changed to liquation cracking or ductility dip cracking at lower 
energy density. Carter concluded that cracks could not be eliminated in the 
investigated process window. This corresponded to what was known from 
welding literature. Lippold [7] established that optimizing process parameters 
may not eliminate cracks unless the metallurgical properties were also addressed. 
A value of 85 𝐽𝐽 𝑚𝑚𝑚𝑚3⁄  was established as a threshold for the transition from a 
high void sample to a low void (dense) sample [43]. Carter also investigated the 
influence of scanning strategy. The laser scanning pattern affected the sequence 
of energy input during laser scanning therefore the scanning pattern (scanning 
strategy) used was chosen carefully. Carter used the island scan strategy shown 
in Figure 3. In this strategy, a large square was divided into smaller squares of 5 
x 5 mm. A laser scanned line tracks along the length of the smaller squares. The 
set of lines in a square was always perpendicular to the set of lines in another 
square. The island squares were moved 1 mm in the X-Y plane when scanning 
subsequent layers.  

 

Figure 3: An illustration of the Island scanning strategy [15] used under CC BY 4.0.  

The island strategy influenced the grain structure and eventual cracking. Finer 
and more misoriented grains were found between columnar grains in the 
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samples. The region of fine grains and high misorientation displayed higher 
crack density than the region with columnar grains. The scanning strategy 
exhibited high cooling rate in the square boundary regions with finer grains. 
According to Carter, the fine grains exhibited numerous high angle grain which 
were more susceptible to DDC. Carter also investigated a meander scan pattern 
of laser scanning of lines in a back and forth movement with no subdivisions as 
used in the island scan. Results showed that the meander scan strategy produced 
a more homogenous grain structure and lower crack density than the island scan 
strategy. Catchpole-Smith et al. [15] also investigated the island scanning strategy 
and compared it to fractal scanning strategies called Hilbert and Peano - 
Gosper. The fractal scanning strategies were scans in the micrometer range 
which changed direction in the pattern shown in Figure 4. These fractal 
scanning strategies were proven to reduce residual stress considerably [44], [45]. 
Catchpole-smith et al. showed that the fractal scanning strategies had 
considerably lower void and crack density than the those displayed in the island 
scanning strategy.  

 

Figure 4: An illustration of fractal scanning strategies (a) Hilbert (b) Gosper [15] used 
under CC BY 4.0. 
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4.3 Microstructure and properties 

The microstructure of L-PBF Alloy 247LC was investigated by Divya et al. [10] 
and Wang et al. [12]. The works established that the microstructure consisted of 
columnar grains, growing epitaxially over several layers and aligned in the build 
direction. The texture was typically seen in L-PBF because of the unidirectional 
<001> thermal gradient (G) from the hot melting powder to the relatively cool 
substrate. The high thermal gradient displayed in L-PBF did not produce the 
substantial supercooling necessary for the formation of equiaxed grains. The 
studies above [10], [12], [13] showed that the as-built microstructure displayed 
cell structures approximately 500-700 nm sizes. These cell structures displayed 
high dislocation density between the cells. These dislocations were the 
consequence of the high thermal gradients developed in L-PBF; the presence of 
precipitates between the cells (which hindered the dislocation from moving) 
increased the dislocation density [12]. The segregation pattern of elements 
during L-PBF of Alloy 247LC were investigated in these works. This was 
particularly important as segregation was linked to the solidification temperature 
range. The solidification temperature range correlated to the extent of cracking 
[2], [46]. The knowledge of the elements segregating and its effect on the 
solidification temperature range helped to identify suitable alloy modification 
which could reduce cracking. Table 5 displayed the segregating elements 
observed in the different studies. The segregation was identified in these studies 
to occur not only in the grains but also in the cell. Some elements segregated to 
the cell centres while some segregated between the cells. Carbides (MC) were 
also identified in between these cells; their constituents were displayed in Table 
5. The microstructure displayed γ’ in the range of 50 nm in size between the 
cells. The γ’ size of about 5 nm was observed in the cell centres. These small 
sizes were expected because of the high cooling rate involved in the L-PBF 
process. The size of γ’ reduced considerable at high cooling rate [47]–[49]. γ-γ’ 
eutectic was also present between the cells. Oxides were observed in both 
studies; the oxides of Al and Hf, for example, were found. The inert gas 
atmosphere in the L-PBF might not be adequate in preventing oxidation 
although Divya et al. also suggested that the oxides might also originate from 
the powder during the atomization process. 

Table 5. Segregation mechanism in L-PBF Alloy 247LC 

 Elements 
segregating 
between the cells 

Elements 
segregating to the 
cell core 

Elements present 
in MC  

Divya et al. [10] Al, Ti, Cr Not stated Ti, Hf, Ta, Mo, W 
Wang et al. [12] Hf, Ta, Ti, Cr, Al Ni, Co, W Hf, W, Ti, Ta 
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The properties in the L-PBF as-built condition was dependent on the 
microstructure. Wang et al. compared the yield strength in the L-PBF as-built 
condition to the yield strength in L-PBF as-built + HIP + solutioning + aging 
and as-cast + solutioning + aging. The yield strength in as-built condition 
reached the levels seen in the latter two conditions. According to Wang et al., 
this was because of the combined strengthening of the small γ’ and high 
dislocation densities between the cells displayed in the as-built conditions. Creep 
measurements in the as-built + heat treated conditions displayed values less than 
the equivalent cast material [6]. Vertically built samples displayed 4-5 times 
longer creep life than the horizontally built samples [6]. In the vertical samples, 
the columnar grains were parallel to the direction of loading in contrast to the 
horizontally built samples where the columnar grains were perpendicular to the 
direction of loading. Cracks present along the grains were pulled apart more 
easily in the horizontally built samples than in the vertically built samples. 
Applying HIP to the horizontally built samples improved the creep life because 
the cracks were closed. Munoz et al also showed that after heat treatment above 
1230°C, the properties (bulk moduli, young’s moduli, shear moduli and 
Poisson’s ratio) displayed less anisotropy than the properties in the as-built and 
as-built + heat treatment less than 1230°C [13]. This was plausible since the 
grains, after heat treatment above 1230°C, were less textured.  
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 Methodology 
5.1 Statistical design of experiments 

A statistical design of experiment (DOE) methodology was used to design and 
analyze the L-PBF process parameters. DOE is used to study a large window of 
process parameters by producing a relatively small number of samples. The 
samples are produced using the parameters in a design matrix. In addition, 
DOE is used to study the interaction of process parameters which is usually not 
possible when the experiment is done and analysed one factor at a time. An 
interaction is used to show the response of a parameter at different levels of the 
other parameters. This will be explained later in the results section. Another 
advantage of DOE is that, through the analysis, it is possible to extract the 
parameters that have the strongest and most significantly influence on the 
results. DOE is explained fully in [50], [51]. In this thesis, DOE was applied in 
two studies. The first study was to evaluate the influence of process parameters 
on the amount of discontinuities of single line tracks. This study was done to 
gain a preliminary understanding on how the process parameters influence the 
defect formation. The second study was to evaluate the influence of process 
parameters on amount of voids/cracks in cube samples. This study was more 
extensive than the single track study. Voids and cracks were explained earlier in 
Section 4.1 and their quantification is given in paper B. Discontinuities are line 
defects in the single tracks caused when there is insufficient melting of the 
powder and there is no material along a certain length of the track. Details about 
their quantification is given in 5.3.5. A full factorial design was used produce 49 
different combinations of process parameters for the single line track studies. 
The process parameters power and speed were varied in the DOE software 
Modde to produce a matrix shown in the first three columns of Table 6. The 
levels of the parameters varied are given as follows. The power levels have a 
minimum and maximum values of 105 J/s and 285 J/s respectively. The speed 
levels are between a minimum of 2400 mm/s and a maximum of 3600 mm/s. 
Samples 50 to 54 were replicates and had the same process parameter as the 
mid-point sample 25. The mid-point parameter has a value that lies in the mid-
point of each parameter. For example, 195 J/s is the mid-point between the 
power levels defined above.  

 

 

 



 

25 
 

 Methodology 
5.1 Statistical design of experiments 

A statistical design of experiment (DOE) methodology was used to design and 
analyze the L-PBF process parameters. DOE is used to study a large window of 
process parameters by producing a relatively small number of samples. The 
samples are produced using the parameters in a design matrix. In addition, 
DOE is used to study the interaction of process parameters which is usually not 
possible when the experiment is done and analysed one factor at a time. An 
interaction is used to show the response of a parameter at different levels of the 
other parameters. This will be explained later in the results section. Another 
advantage of DOE is that, through the analysis, it is possible to extract the 
parameters that have the strongest and most significantly influence on the 
results. DOE is explained fully in [50], [51]. In this thesis, DOE was applied in 
two studies. The first study was to evaluate the influence of process parameters 
on the amount of discontinuities of single line tracks. This study was done to 
gain a preliminary understanding on how the process parameters influence the 
defect formation. The second study was to evaluate the influence of process 
parameters on amount of voids/cracks in cube samples. This study was more 
extensive than the single track study. Voids and cracks were explained earlier in 
Section 4.1 and their quantification is given in paper B. Discontinuities are line 
defects in the single tracks caused when there is insufficient melting of the 
powder and there is no material along a certain length of the track. Details about 
their quantification is given in 5.3.5. A full factorial design was used produce 49 
different combinations of process parameters for the single line track studies. 
The process parameters power and speed were varied in the DOE software 
Modde to produce a matrix shown in the first three columns of Table 6. The 
levels of the parameters varied are given as follows. The power levels have a 
minimum and maximum values of 105 J/s and 285 J/s respectively. The speed 
levels are between a minimum of 2400 mm/s and a maximum of 3600 mm/s. 
Samples 50 to 54 were replicates and had the same process parameter as the 
mid-point sample 25. The mid-point parameter has a value that lies in the mid-
point of each parameter. For example, 195 J/s is the mid-point between the 
power levels defined above.  

 

 

 



 

26 
 

Table 6 Full factorial design and the resultant response at multiple levels 

Experiment 
no 

Power  
(J/s) 

Speed  
(𝑚𝑚𝑚𝑚 𝑠𝑠⁄ ) 

Line energy 
density 
(J/mm) * 

Discontinuity 
       (%) 

1 105 2400 0.044 9.40 
2 135 2400 0.056 2.79 
3 165 2400 0.069 0.00 
4 195 2400 0.081 0.00 
5 225 2400 0.094 0.00 
6 255 2400 0.106 0.00 
7 285 2400 0.119 0.00 
8 105 2600 0.040 3.89 
9 135 2600 0.052 0.61 

10 165 2600 0.063 0.00 
11 195 2600 0.075 0.00 
12 225 2600 0.087 0.00 
13 255 2600 0.098 0.00 
14 285 2600 0.110 0.00 
15 105 2800 0.038 6.18 
16 135 2800 0.048 1.27 
17 165 2800 0.059 0.00 
18 195 2800 0.070 0.00 
19 225 2800 0.080 0.00 
20 255 2800 0.091 0.00 
21 285 2800 0.102 0.00 
22 105 3000 0.035 4.96 
23 135 3000 0.045 1.13 
24 165 3000 0.055 0.00 
25 195 3000 0.065 0.00 
26 225 3000 0.075 0.00 
27 255 3000 0.085 0.00 
28 285 3000 0.095 0.00 
29 105 3200 0.033 12.00 
30 135 3200 0.042 6.75 
31 165 3200 0.052 2.45 
32 195 3200 0.061 0.00 
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33 225 3200 0.070 0.00 
34 255 3200 0.080 0.00 
35 285 3200 0.089 0.00 
36 105 3400 0.031 9.82 
37 135 3400 0.040 1.20 
38 165 3400 0.049 0.00 
39 195 3400 0.057 0.00 
40 225 3400 0.066 0.00 
41 255 3400 0.075 0.00 
42 285 3400 0.084 0.00 
43 105 3600 0.029 5.38 
44 135 3600 0.038 0.87 
45 165 3600 0.046 0.00 
46 195 3600 0.054 0.00 
47 225 3600 0.063 0.00 
48 255 3600 0.071 0.00 
49 285 3600 0.079 0.00 
50 195 3000 0.065 1.13 
51 195 3000 0.065 0.00 
52 195 3000 0.065 0.00 
53 195 3000 0.065 0.00 
54 195 3000 0.065 0.00 

* This is the line energy density because it is a single track and does not have a 
hatch distance. The layer thickness has also been excluded from the calculation.  

The line energy density is displayed in the fourth column, however, it was not 
used in the analysis in Modde. It is displayed in the table to show the calculated 
energy density of the process parameters. The response discontinuity was 
measured and is displayed in the last column of Table 6. The interaction 
regression equation 2 given in [50] was used to model the relationship between 
the factors (power and speed) and the response discontinuity.                                                                                                                                             

𝑦𝑦 =  𝛽𝛽0 + 𝛽𝛽1𝑥𝑥1 +  𝛽𝛽2𝑥𝑥2 +  𝛽𝛽12𝑥𝑥1 𝑥𝑥2 + 𝜖𝜖                                            (8) 

The term 𝑦𝑦 is the response which in this case is the measured 
discontinuity. The terms 𝛽𝛽0, 𝛽𝛽1, 𝛽𝛽2 and 𝛽𝛽12 are the regression 
coefficients. The terms 𝑥𝑥1, 𝑥𝑥2, and 𝑥𝑥1𝑥𝑥2 represent the levels of the 
factors. P value was calculated in the ANOVA and it represents the statistical 
significance of the model according to a null hypothesis: 𝐻𝐻0: 𝛽𝛽1 =  𝛽𝛽2 = 𝛽𝛽12= 
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Table 6 Full factorial design and the resultant response at multiple levels 

Experiment 
no 

Power  
(J/s) 

Speed  
(𝑚𝑚𝑚𝑚 𝑠𝑠⁄ ) 

Line energy 
density 
(J/mm) * 

Discontinuity 
       (%) 
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27 255 3000 0.085 0.00 
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29 105 3200 0.033 12.00 
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31 165 3200 0.052 2.45 
32 195 3200 0.061 0.00 

METHODOLOGY 
 

27 
 

33 225 3200 0.070 0.00 
34 255 3200 0.080 0.00 
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53 195 3000 0.065 0.00 
54 195 3000 0.065 0.00 
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0. A value < 0.05 means that at least one of the factors is significantly affecting 
the response [51]. This consequently means that the model is significant. This is 
a relatively simple model and the objective is to quickly screen and find the 
important factors and their correlation. Another diagnostic metric is the 𝑅𝑅2 with 
a range from 0 to 1 and it shows how the calculated results matches the 
measured experiment results. The third metric is the repeatability, ranging from 
0 to 1, and it compares the variability in the replicates to the variability in all the 
samples. A value greater than 0.5 indicates good repeatability. The matrix of the 
cubes was also designed and analyzed in Modde but a quadratic regression 
model was used. Details of this model and the designs can be found in the 
included paper B. 

5.2 L-PBF manufacturing of the samples. 

The single tracks and cubes were manufactured in Electro Optical Systems 
(EOS) GmbH, Germany M290 equipment. The layout of the single tracks on 
the substrate is illustrated in Figure 5. The same colour represents single tracks  
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Figure 5: An illustration of the location of the single line tracks of one to six 
layers. 

that have the same number of layers. The number of single tracks of the same 
colour are 54 so each line in every colour group represent an experiment 
number given in the first column of Table 6.  The nominal composition of the 
virgin Alloy 247LC powder used is provided in Table 2 in page 14. The powder 
was characterized in [52] and was described to have an average particle size of ~ 
30 µm. The powder was also entrapped with argon gas, thus, it displayed 
porosity. Single tracks of one to six layers were built with the process parameters 
given in Table 6. The single tracks were 30 mm long and the layer thickness was 
20 µm. The replicates were placed at varied locations and were not placed beside 
each other. This was done in order to ascertain whether the location has an 
influence on the discontinuity. Figure 6 shows the appearance of the single 
tracks on the substrate. 
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Figure 6: A picture of the manufactured single tracks as placed on the substrate 
(a) before cutting (b) after cutting out a small piece with three single line tracks. 

The equipment was also used to manufacture 36 cube samples of dimensions 
15x15x15 mm as shown in Figure 7. The same powder was used. Details about 
the L-PBF manufacturing of the cubes are given in paper B. 
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Figure 7: A picture of some of the manufactured cubes after cutting them from 
the substrate.  

To investigate the microstructure in the L-PBF as-built and post processed 
conditions, an investigation was done on three samples given in paper A. These 
samples were manufactured in the same equipment used for the single tracks 
and cubes. The energy density used was 113 𝐽𝐽/ 𝑚𝑚𝑚𝑚3 and it was close to the 
energy density of the centre point samples of the cubes above. The powder was 
however obtained from a different manufacturer. Figure 8 shows the image of a 
sample in the as-built condition. Two samples similar to that shown in Figure 8 
were heat treated by HIP and subsequently by solutioning and aging. More 
details of the samples can be found in paper A.  

 

Figure 8: A picture of the as-built L-PBF Alloy 247LC investigated in paper A. 
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5.3 Characterization 

5.3.1 Metallographic preparation 

Established laboratory procedures and following Struers equipment 
recommendation of cutting, grinding and polishing were applied in preparing 
the samples. The single lines of the 2 layer single tracks were cut in groups of 
three lines together with the substate (shown in 7b) and examined directly as 
explained in 5.3.2. There was no requirement for grinding and polishing of these 
samples. The cubes were cut, ground and polished according to the description 
in paper B. A similar procedure was applied for the other samples investigated 
in paper A. To reveal the phases and microconstituents, the samples in paper A 
were etched in waterless Kalling’s reagent (4g CuCl2 ; 80 ml HCL; 80 ml 
ethanol). 

5.3.2 Light optical microscopy (LOM) 

Images were photographed and the discontinuities of the single tracks were 
observed in Zeiss Axio optical microscope as described in 5.3.5. The voids and 
cracks of the cubes were investigated in the LOM as written in paper B. The 
samples of paper A were also investigated in the LOM. 

5.3.3 SEM  

Scanning electron microscopy was mainly used to investigate the microstructure 
of the samples in paper A. Initially, a Hitachi TM3000 microscope was utilized. 
Subsequently, JOEL JSM-7800F was used to get more detailed micrographs at a 
higher resolution. An energy dispersive X-Ray analysis (EDX) and electron 
backscatter diffraction (EBSD) system from Bruker were attached to the 
microscope and were utilized to determine the element segregation and grain 
texture respectively.  

5.3.4 Microhardness  

Vickers microhardness test was implemented according to ASTM E384-11 
standard [53] and the methodology was described in Papers A and B. 

5.3.5 Defect quantification 

The discontinuity in the 2 layers single tracks were observed and measured in 
the LOM. Measurements were taken from the beginning of each track up till 6 
mm length. The discontinuity in this track length was measured and calculated 
as a % over the 6 mm track length. In paper B the voids images were taken in 
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the LOM and quantified using image J software. The cracks were measured in 
the LOM and crack density was calculated as described in paper B. Manual 
counting was utilized in quantifying the voids of the samples in paper A 
according to ASTM E562-11 standard [54]. 

5.3.6 Grain size measurement  

The grain sizes of the samples in paper A were measured using the linear 
intercept method as explained in ASTM E 112-12 standard [55]. 
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 Results and Discussions 

As mentioned in the introduction, the objective of this work is to investigate the 
influence of the L-PBF process parameters on the amount of voids, cracks and 
hardness of Alloy 247LC. Subsequently, it is necessary to characterize the 
microstructure of L-PBF manufactured Alloy 247LC samples. Detailed results 
from the present work have been presented and discussed in the attached 
papers. Additional results are presented here and where applicable, importance 
is placed on how the results interrelate. 

6.1.1 Discontinuity in single tracks 

To gain knowledge about how the process parameters influence the void 
formation, the results of the single tracks need to be understood because it is a 
prerequisite to whether or not voids are formed in the cubes. The one layer 
tracks were not visible to the naked eye hence could not be cut into the compact 
sizes shown in Figure 6. They were not further examined. The 20 µm layer 
thickness of the tracks obviously produced very small melt pool. The 2 layer 
single tracks were visible and were cut as displayed in Figure 6. The 
discontinuities were measured and analysed according to 5.3.5. The 𝑅𝑅2 value is 
0.4. The P value is 0.000 which indicates a high significance. The repeatability, at 
0.97, is high. This indicates that the location of the single tracks does not 
influence the results. As this is a simple model meant for a basic investigation of 
the relationships, as described in 5.1, the diagnostics metrics are adequate 
enough for the intended analysis. An examination of Table 6 which is presented 
in Figure 9 shows that at constant speed, discontinuity is always displayed at the 
two lowest power levels. This corresponds to the lowest line energy. The 
replicates are marked in colour blue in the position of the midpoint sample 25 
shown in Figure 9 and were all zero except number 50 which showed some 
discontinuity. Figure 10a & 10b shows an example a continuous and 
discontinuous single track respectively. The substrate is visible in the area of 
discontinuity in Figure 10b. 
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Figure 9: A plot of discontinuities of the samples. 
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Figure 10: Pictures of single tracks (a) continuous (b) discontinuous. 

A power (105 to 225 J/s) and speed plot is shown in Figure 11. The trend 
shows a reduction in discontinuity as power increases. The discontinuity also 
tends to increase with increasing speed at the low power levels but the effect 
seems to be small. Negative values are given for the discontinuity at 255 and 285 
J/s (not shown in the graph) but this mean that the discontinuities are very 
small and close to zero. This negative value is a theoretical prediction and arise 
because many of the actual experimental measurements at high power are zero. 
Figure 11 therefore shows the relationship at a cut-off point of zero. The 
strength of the parameters and discontinuity relationship is made clearer by 
calculating the regression coefficients. The estimates are 𝛽𝛽1= -2.86, 𝛽𝛽2= 0.14 
and 𝛽𝛽12= -0.24. The P values of the individual regression coefficients are 
given as 1.17 × 10−7, 0.77 and 0.73 (the last two values are > 0.05 and 
are therefore not significant). The results are presented in Figure 12 
together with the 95% confidence interval. It is seen that the regression 
coefficient of power has the strongest and most significant effect on 
discontinuity. The factor speed and the interaction power*speed have low 
influence and are insignificant. The insignificance is clear because the 
confidence intervals are seen to include zero. These results explain why 
the plots are approximately parallel and are not crossing one another in 
Figure 11. The main findings presented here is that discontinuity exist at 
low power values. Power is a highly significant factor and has the 
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strongest effect on discontinuity. When the other single tracks of layers 3 
to 6 in Figure 5 were examined qualitatively, they showed discontinuity 
(or continuity) in a similar manner to the 2 layers single track. For 
example, the same combination of parameters that produced 
discontinuity in the 2 layer tracks appeared to produce discontinuity in 
the 3, 4, 5 and 6 layers. The discontinuity in experiments 1 to 24 of the 5 
layer tracks were actually measured and the results confirmed the above 
trend. The discontinuities were, however, less obvious in the 3, 4, 5 and 6 
layers. This is because the deposition of a top layer tends to cover the 
discontinuities in the preceding layers. Discontinuity is produced because 
there is not enough power to melt the powder and substrate [18], [21]. It 
is noticeable in the present study that discontinuity is found at low power 
levels irrespective of the number of layers. It will later be shown in the 
analysis of the cubes that voids were also produced at low power levels 
which seems to suggest that the discontinuity in the single tracks largely 
contribute to void formation in the cubes.  

  

 

Figure 11: Plots of discontinuity with speed at different power values.  
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Figure 12: The plots of the regression coefficients for discontinuity. 

6.1.2 Voids and cracks in cubes 

The results of the void formation in the cube investigation is presented in paper 
B. A quadratic regression model, which is more complex than equation 8 above, 
was implemented. Here, the 𝑅𝑅2 is 0.78. The P is also 0.000 and the repeatability 
is 0.91. The main finding is that below a threshold value of 81 𝐽𝐽 𝑚𝑚𝑚𝑚3⁄ , the 
void contents begin to rise steeply. Above this value, the void content is low and 
close to zero. In a similar manner to the single track experiments, power has the 
strongest influence and is the most significant factor influencing the void 
content. There are no significant power*speed interactions similar to what is 
displayed in the single tracks. The hatch in the void shows strong influence and 
significance. Based on the calculations, the high energy density required to cross 
the threshold for low void content is attained mainly by increasing power. 
Reducing speed and hatch will also reduce the void content but their effects are 
not as strong as power. Since low discontinuity were obtained in the mid-point 
parameters in the single track experiments, it was reasonable to repeat them in 
the cube experiments. As shown in paper B, the mid-point and its replicates 
showed very low and similar void content. The voids, thus, have high 
repeatability and are not influenced by the location of the cubes. The similarity 
in the trend in the voids and discontinuities suggests that process parameters for 
void in cubes may be evaluated quickly by building single line tracks and 
assessing the discontinuity.  In the cubes, hatch is introduced. If the hatch is 
small enough, the cubes should have low void content at the power and speed 
values (mostly power) at which there was low discontinuity. Careful choice of 
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values (mostly power) at which there was low discontinuity. Careful choice of 
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the process parameters applied in the cube experiments may have led to the low 
void content close to zero obtained in majority of the samples. 

The cracks response is different to the void in the cube experiments as 
presented in paper B. The trend is that high energy density above a threshold of 
163 𝐽𝐽 𝑚𝑚𝑚𝑚3⁄  produces more cracks while low energy density below the 
threshold produces less cracks. According to equation 1, high energy density 
may correspond to high power, low speed and hatch and vice versa. It is 
however observed that at very low energy density corresponding to high hatch, 
the cracks start to appear. This is partially explained by the observation that the 
cracks initiate at the edges of lack of fusion.  As observed with the voids, the 
cubes location on the substate does not influence the amount of cracks i.e. the 
process is highly repeatable. The interaction parameters power*hatch has the 
strongest influence and is the most significant. The cracking mechanism cannot 
be established at this stage as it will require detail microstructure analysis. This 
investigation is planned for the future. The results from the microhardness 
measurements, however, showed that the two samples that demonstrated the 
highest crack density had relatively high microhardness. This may suggest that 
the precipitation of γ’ may play a role in the crack formation either as strain age 
cracking or liquation of γ’ cracking. This two cracking mechanisms are explained 
in [36] and [56] respectively. It is established that γ’ is the primary reason for 
strengthening in nickel-based superalloys as explained in Chapter 3. This 
property is confirmed in fairly recent studies of L-PBF manufactured Alloy 
247LC [10], [12]. Therefore, it is not unlikely that the cracking mechanism is 
associated with γ’ precipitation. However, it is also known that high stresses are 
obtainable in L-PBF. As such, these high stresses may aggravate the cracking. As 
regards to the void, the trend of low microhardness is observed for high void 
content. As said earlier, the investigation will require thorough microstructure 
analysis to establish the mechanism causing the different phenomena. This study 
is planned for the future. 

6.1.3 Microstructure 

It was discussed in the introduction that it is useful to gain knowledge about the 
microstructure of L-PBF Alloy 247LC. The samples in paper A were analysed 
for this purpose. Recall that the energy density used to build the samples is 
113.5 J/𝑚𝑚𝑚𝑚3. It has a low void content of 0.04%; it also has low crack content 
when examined qualitatively. The results presented in the cube experiments in 
paper B suggest that γ’ is precipitated which is a vital detail in the 
characterization of the microstructure.  The results presented in paper A had 
earlier indicated that high amount of γ’ is precipitated in the as-built L-PBF 
condition. JMatPro modelling results presented in paper A show that the high 
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Al + Ta content is responsible for the rapid γ’ precipitation. The hardness in the 
as-built condition is close to the hardness after heat treatments (HIP + 
solutioning + aging). Another aspect of the microstructure that is revealed in 
paper A is the grain structure. Typical of L-PBF samples, elongated columnar 
grains growing epitaxially is seen in the z-y plane. At high magnifications, cell 
structures that has bright microconstituents between the cells are observed. 
These bright microconstituents are observed in the backscattered electron (BSE) 
mode which suggests that the constituents have high atomic number elements. 
This is a consequence of segregation during solidification. To identify the 
segregating elements, Alloy 247LC composition was input in JMatPro and the 
segregation during solidification was modelled. Results, as given in paper A, 
shows that Hf and Ta are the most segregating elements. At this stage, the 
modelling results could not be validated experimentally because of the low 
resolution of the SEM and the attached EDX system. It is noticeable, as evident 
from the micrographs presented in paper A, that the nanometre scale cell 
structures and the bright microconstituents have a low resolution. This 
prompted further analysis of the samples in a higher resolution SEM combined 
with a suitable EDX and EBSD system as described in 5.3.3. Figure 13a & b 
shows an SEM and a corresponding EBSD micrograph of the grain structure in 
the z direction. The grain boundaries are in the EBSD micrograph. Here, a 
crack originating from a pore can be observed. Recall that this type of cracks 
was observed in the cubes manufactured at low energy density in paper B. Small 
grains are observed close to the pores. The cracks follow the grain boundary. 
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Figure 13. (a) SEM and (b) EBSD micrographs of as-built L-PBF Alloy 247LC 
in the z-y plane showing cracks originating from a void.  

An EBSD micrograph in the x-y plane is presented in Figure 14. The crack also 
follows the grain boundaries.  

 

Figure 14. EBSD micrograph of as-built L-PBF Alloy 247LC in the x-y plane 
showing a crack along the grain boundaries. 
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At higher magnification of the cell structures. The bright microconstituents 
between the cells are more visible than what was obtained in paper A. This is 
shown for the z-y plane in Figure 15a and x-y plane in Figure 15b. 

 

 

 

Figure 15. A BSE micrograph of as-built L-PBF Alloy 247LC with bright 
microconstituents between the cells. (a) z-y plane (b) x-y plane. 
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As was earlier discussed, it was necessary to validate experimentally the 
segregation pattern obtained in the JMatPro calculations. Thus, an EDX analysis 
was implemented. The segregation pattern of the elements clearly confirmed 
what was modelled in paper A. Figure 16 shows the segregation pattern of some 
of the elements. What was also observed was that some elements like Hf and Ta 
segregated between the cells and were also present in the microconstituents 
found between these cells. W, however, was found in the microconstituents but 
absent in the surrounding boundaries. Al segregated to the boundaries but was 
not present in the precipitates. It will be enlightening to know in future analysis 
what elements are found in the vicinity of the cracks and whether they are 
similar to the segregation observations. This type of analysis indicates the 
elements that can widen the solidification temperature range, which thereby 
make liquid present at low temperatures. This type of occurrence is necessary 
for hot cracking mechanisms to thrive.  
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Figure 16. Segregation of elements in as-built L-PBF Alloy 247LC. Hf, Ta, W 
are present in the microconstituents between the cells. 

It was discussed in paper A that γ’ should be present in the as-built state which 
was substantiated by the high hardness value at that state. It was however not 
possible to detect the γ’ using the microscopes described in 5.3.3. The γ’ size 
was reported to be lower than 20 nm in the cell centres in reference [12] which 
thereby required even higher resolution microscopy (for example transmission 
electron microscopy) to view them. In the as-built +HIP and as-built + HIP + 
solution + aging conditions, the γ’ were visible. This is shown in Figures 17.  
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Figure 17. BSE micrographs of heat treated sample. (a) as-built + HIP showing 
coarse γ’ (b) as-built + HIP + solution + aging showing smaller γ’ size. The 
examples of γ’ are indicated with the red arrows. 
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The γ’ in the as built + HIP in Figure 17a have an approximate mean size of 1 
µm. The appearance and the size reflect that coarsening occurred which is 
expected at the temperatures were HIP may be applied. Unfortunately, the heat 
treatment temperatures could not be obtained because the information is 
proprietary. If the HIP temperature of 1180 °C given in Table 4 is considered, it 
can be seen that the temperature is close to the range were γ’ starts to dissolve 
according to Table 3. The γ’ seen in Figure 17b is after solutioning + aging and 
displays a mean size of approximately 350 nm. The appearance seems to be 
optimal which is also demonstrated by the high hardness values obtained, as 
presented in paper A. The as-built + HIP condition however demonstrated low 
hardness values which is consistent with typical results after γ’ coarsening. 

The white microconstituents earlier observed in the as-built sample appear to 
have grown bigger in the heat treated samples. The exact nature of this white 
microconstituent could not be completely identified. They are called carbides in 
some studies [10], [57], [58]. This is plausible judging by the high content of Hf 
and Ta which are strong carbide formers. They can also be oxides as observed 
in an EDX line scan done across one of the big white particles of about 1 µm in 
size. The result show elevated oxygen content across this particle. A thorough 
analysis which will entail an analysis of the composition, determination of the 
crystal structure and lattice parameters is necessary to fully characterize the 
microconstituents. These microconstituents may influence the mechanical 
properties and cracking mechanism. Oxides, for example, is observed to initiate 
cracks in the study of Reference [59]. 
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 Conclusion 

The investigation above and the detail results obtained in Paper B has revealed 
the answers to the research questions of the thesis. They are stated in the 
following bullet points: 

• The void content increases sharply at an energy density below 81 
J/𝑚𝑚𝑚𝑚3. High dense samples are obtained at a value higher than 81 
J/𝑚𝑚𝑚𝑚3 and may be obtained mainly by increasing power but may also 
be obtained by reducing speed and hatch.  

• The crack density increases sharply at an energy density above 163 
J/𝑚𝑚𝑚𝑚3. Low crack density may be obtained by reducing power or 
increasing speed and hatch. 

• Power is the strongest and most significant process parameter 
influencing void content.  

• The interaction parameter power-and-hatch has the strongest and most 
significance influence on crack density. 

• The location of the samples in the L-PBF chamber does not influence 
the amount of void and cracks. 

• The two samples which exhibited the highest energy density and crack 
density had relatively high microhardness. The three samples which 
exhibited the lowest energy density and void content had relatively low 
microhardness. Low microhardness in the samples appear to correlate 
with high void content. In contrast, there was no evident microhardness 
- crack density trend in the samples. 

The investigation of the single tracks revealed that the influence of the process 
parameters to the amount of discontinuities is similar to the influence of the 
process parameters to the amount of voids. In the future, an evaluation of the 
possible process parameters to produce samples with small amount of voids can 
be done by producing single tracks. Note that the process parameter hatch does 
not exist in the single track but exist in the cubes. The hatch has a strong effect 
on void formation; thus, this effect needs to be additionally considered. The fact 
that the samples with the highest crack density had a relatively high 
microhardness suggested that the aforementioned observation should be 
investigated further by performing microstructure characterization. So far, 
knowledge of the microstructure characteristics has been gained by investigating 
the samples presented in paper A. An important finding is that Hf and Ta were 
the most segregating elements between the cells and also present in the 
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microconstituents. These elements may influence the cracking behaviour. The γ’ 
precipitate was not observed in the as-built condition but was observed in the 
heat treated conditions. However, the hardness in the as-built condition reached 
the level of the heat treated conditions which supports the idea that γ’ is present 
in the as-built samples. White microconstituents which may be carbides or 
oxides are prominent in the microstructure and may influence the cracking 
susceptibility. 
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 Future work 

It was revealed in this work that some cube samples displayed high crack density 
while majority of the samples displayed relatively low crack density. It will be 
interesting to characterize these samples in detail in order to compare their 
microstructure. This approach may reveal aspects of the microstructure 
responsible for the cracking and the cracking mechanism may be established.  It 
was already observed that the samples with high crack density displayed 
relatively high hardness. Thus, it is important to investigate the characteristics of 
γ’ that may be responsible for such high hardness. This however may require 
high resolution microscopy (for example high resolution transmission electron 
microscopy). Finally, it is important to investigate the creep properties of 
manufactured samples to determine the likely performance of manufactured 
parts. Considering the above and the equipment accessible to the author, the 
following future studies are planned. 

1. Characterization of the microstructure of the cubes to investigate the 
difference in the microstructure of the high crack density samples and 
the low crack density samples. 

2. Characterization of the samples to determine the cracking 
mechanism(s). 

3. Performing slow strain rate tensile test to investigate the short-term 
creep behaviour of manufactured samples. 
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Abstract: The manufacturing of parts from nickel-based superalloy Alloy 247LC by laser powder
bed fusion (L-PBF) is challenging, primarily owing to the alloy’s susceptibility to cracks. Apart from
the cracks, voids created during the L-PBF process should also be minimized to produce dense
parts. In this study, samples of Alloy 247LC were manufactured by L-PBF, several of which could
be produced with voids and crack density close to zero. A statistical design of experiments was
used to evaluate the influence of the process parameters, namely laser power, scanning speed,
and hatch distance (inherent to the volumetric energy density) on void formation, crack density,
and microhardness of the samples. The window of process parameters, in which minimum voids
and/or cracks were present, was predicted. It was shown that the void content increased steeply at a
volumetric energy density threshold below 81 J/mm3. The crack density, on the other hand, increased
steeply at a volumetric energy density threshold above 163 J/mm3. The microhardness displayed
a relatively low value in three samples which displayed the lowest volumetric energy density and
highest void content. It was also observed that two samples, which displayed the highest volumetric
energy density and crack density, demonstrated a relatively high microhardness; which could be a
vital evidence in future investigations to determine the fundamental mechanism of cracking. The laser
power was concluded to be the strongest and statistically most significant process parameter that
influenced void formation and microhardness. The interaction of laser power and hatch distance was
the strongest and most significant factor that influenced the crack density.

Keywords: laser powder bed fusion; superalloy; Alloy 247LC; cracks; voids

1. Introduction

Laser powder bed fusion (L-PBF) is an additive manufacturing (AM) process, in which a laser
is utilized to melt a powder on a powder bed or substrate one layer at a time. A powder bed layer
can be as thin as 20 µm. The process is conducted in an inert gas atmosphere and the geometry
of the part is fed from a 3D computer-aided design (CAD) file. L-PBF gained attention in the
manufacturing of gas turbine blades, for which Alloy 247LC (LC stands for low carbon) is a suitable
material. This is a precipitation strengthened nickel-based superalloy that has good creep strength,
high temperature oxidation, and good corrosion properties [1]. These blades have internal cooling
channels with complex designs which are difficult to manufacture using conventional processes;
however, they could be manufactured with the L-PBF process. Nevertheless, processing of Alloy
247LC is challenging, as this alloy is susceptible to weld cracking, which is often attributed to the high
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volume fraction of γ’ precipitates [2–4]. High thermal gradients in the range of, e.g., 5–20 K/µm exist in
L-PBF [5]. The high propensity of the alloy to cracking is related to the combination of high stresses
introduced by repeated steep thermal gradients employed in the L-PBF process, as well as the general
cracking susceptibility of the alloy material itself. Hence, to successfully utilize L-PBF to manufacture
Alloy 247LC components, the cracking problem should be addressed. The cracking mechanisms can
be classified into solidification cracking, liquation cracking, strain age cracking, and ductility dip
cracking. Cracks can be strongly influenced by the metallurgical properties of the material; for example,
the solidification cracking is more probable when the solidification temperature range is high [6].
More details about the aforementioned cracking mechanisms can be found in [6–8]. In this field,
the L-PBF processability is synonymous to weldability. The welding literature defines weldability as
“the ability to produce parts that are free of defects, such as porosity, lack of fusion, and cracks” [6].
The porosity generation is different from the crack formation mechanism mentioned above. Porosity
can originate from entrapped gases in the powder during the powder atomization process, or during
the melting process in the LPBF equipment. A lack of fusion primarily occurs, when there is inadequate
wetting between a newly formed layer and the preceding layer or substrate to promote epitaxial
growth of grains [9]. These defects can deteriorate the mechanical properties of the parts produced.
Weldability is further defined as the ability of the processed part to acquire the desired properties and
fulfil its service conditions [6]. This requires that the microstructure be preserved during the processing
to guarantee favorable properties over a long period of time. The L-PBF process parameters influence
the thermal history, which in turn, is location dependent [10]. Thus, the microstructure may vary
locally. This is typically observed in AM processes, such as L-PBF, electron beam powder bed fusion
(EPBF), and direct energy deposition (DED). Thus, the L-PBF process parameters, including the effect
of location, should be fully understood to produce defect-free parts with acceptable microstructure
and properties. In this study, the process parameters investigated are the laser power, scanning speed,
and hatch distance (henceforth, referred to as power, speed, and hatch, respectively). These were
selected primarily because it has been established in the literature that they strongly influence the
defect formation and microstructure of components made by L-PBF [2,10–12]. These parameters,
together with the constant layer thickness, are included in the calculation of the volumetric energy
density (henceforth, referred to as energy density) which is given as Equation (1):

Energy density =
P

v·h·t (1)

where P, v, h, and t are the power, speed, hatch, and layer thickness, respectively. A review of past
literature reveals that the investigation by Carter et al. [2,13] was the foremost work that investigated
the influence of the L-PBF process parameters on Alloy 247LC. Cuboidal samples of dimensions
10 mm × 10 mm × 20 mm were produced in a Concept Laser M2 system. The process parameters
utilized were in the range of 150–200 J/s, 400–2000 mm/s, and 0.2–0.53 for power, speed, and hatch
(dimensionless in the Concept laser M2 equipment), respectively. They presented their optimized
process parameters to be 150 J/s, 1500 mm/s and 0.3. It was concluded that cracks could not be
eliminated completely in the investigated process parameter window. Unlike the work by Carter et al.,
the current study has used the statistical design of experiment (DOE) methodology. The advantage
of this method is that the prediction of a large process window is possible with a relatively few
experiments [14]. The DOE is a proven methodology and has been used to optimize various L-PBF
processes [11,15–17]. This method also presents an opportunity to readily study the interaction of
parameters; for example, the interaction of power and speed means that the relationship between the
response (void, crack density, or microhardness) and speed could be different, depending on the power
level [18]. Therefore, a DOE can provide more insight into the relationship of the responses to the
parameters than what is presently available in the literature on L-PBF of Alloy 247LC.

The objective of this work was, therefore, to use the DOE to study the influence of power,
speed, and hatch on the number of voids (porosity and lack of fusion), and cracks. These process
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parameters were investigated to disclose the process windows with the lowest number of defects.
In addition, the microhardness of the material was investigated to reveal the correlations with the
process parameters and gain knowledge on γ’ precipitation in the microstructure. This is a reasonable
approach because the microhardness mainly depends on the precipitation of γ’ in L-PBF-manufactured
Alloy 247LC components [19–21]. Thus, the results from this study are expected to serve as a guide to
minimize the defects when new samples are developed via L-PBF. The knowledge gained from this
study can also aid future investigations of the cracking mechanisms.

2. Experiment

2.1. Statistical Design of Experiment (DOE)

Modde software (MODDE 12, Umetrics, Umeå, Sweden) was used for defining the DOE. The DOE
was a 33 full factorial design, which means that the three factors, i.e., power, speed, and hatch were
varied at three levels for each factor. Thus, the DOE yielded a total of 27 different combinations of the
process parameters. These different combinations are called experiments. Three replicates, namely
Samples 28, 29 and 30, which have the same parameters as the mid-point sample, i.e., Sample 14,
were added, resulting in a total of 30 experiments. The power levels were set to 170, 195, and 220 J/s.
The speed levels were set to 2800, 3000, and 3200 mm/s, and the hatch levels were set to 20, 30,
and 40 µm. These factor levels were combined in the full factorial design displayed in the first four
columns of Table 1. Overall, there were four samples (Samples 14, 28, 29, and 30) which had the same
combination of process parameters. The presented parameter combinations were subsequently used to
manufacture cube samples described in Section 2.2. After the cubes were manufactured, the responses
void, crack density, and microhardness were measured as described in Sections 2.3 and 2.4. The results
were input in Modde and these are displayed in the last three columns of Table 1. The column for
energy density is also added in the table, even though it was not used in Modde for the analysis. It is
added to Table 1 to indicate which energy density, each of the samples was manufactured. The energy
density included the layer thickness of 20 µm as an inherent parameter. A quadratic regression was
used to model each response according to the Equation (2) below [14,18].

y = β0 + β1x1 + β2x2 + β3x3 + β11x2
1 + β22x2

2 + β33x2
3 + β12x1x2 + β13x1x3 + β23x2x3 + ε (2)

where y is the response—void, crack density, or microhardness, and is the dependent variable; the β

terms are constants, of which all except β0 are called regression coefficients; the x terms are the
independent variables denoting the factor levels; for example, x1, x2, x3 represent the levels of power,
speed, and hatch, respectively, of a particular sample. Furthermore, the combination of x1x2 represents
the interaction of power and speed. The other combinations also have a similar interpretation.
The factor levels represented by x were defined on a coded scale. The power levels of 170, 195 and
220 J/s were coded −1, 0 and 1, respectively. The speed levels 2800, 3000 and 3200 mm/s were coded −1,
0 and 1, respectively. Finally, the hatch levels of 20, 30 and 40 µm were coded −1, 0 and 1, respectively.
ε is the modelling residual or error. The regression coefficients were calculated in Modde by the
method of least squares and a 95% confidence interval of these coefficients was also estimated. To test
the regression model, the first analysis carried out in Modde was to compare the variability of the
replicates to the variability in all the experiments. This repeatability test was conducted and assigned a
value of 0–1 in Modde, wherein a value greater than 0.5 indicates good repeatability [14]. Modde also
calculated the diagnostic parameters R2 and p-value. The R2, ranging from 0 to 1, indicates how
close the calculated responses were to the experimentally measured responses [14]. The p-value was
estimated by constructing the analysis of variance (ANOVA) table. A null hypothesis was set as follows
Equation (3):

H0: β1 = β2 = β3 = β11 = β22 = β33 = β12 = β13 = β23 = 0 (3)
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If p was <0.05, the hypothesis was rejected. This condition would occur, when one of the
coefficients was significantly different from zero and was therefore, significantly influencing the
response y [18]. Thus, the factor, whose coefficient was significant, is a significant factor. The next
procedure involved predicting the response window as a function of the factors. Therefore, response
surfaces were plotted and analyzed as contour plots following the response surface methodology
described in [14,18]. In this methodology, if the response surface was denoted by η, then it can be
represented as follows Equation (4):

η = E(y) = f (x1, x2, x3) (4)

Here, f (x1, x2, x3) represented the fitted regression model of Equation (2) (recall that fitting was
performed by calculating the regression coefficients by the method of least squares). The plots were
generated in Modde where E(y) represented the expected response (the expected response was an
expression for the mean response) of the regression model at the design space of the independent
variables x1, x2 and x3. The plots were presented graphically where one x value was held constant and
the remaining two x values were varied.

Table 1. Full factorial design and measured responses.

Experiment
No

Power
(J/s)

Speed
(mm/s)

Hatch
(µm)

Energy Density(
J/mm3

)
*

Void
(%)

Crack Density
(1/mm)

Microhardness
(HV0.5)

1 170 2800 20 152 0.08 0.04 446
2 195 2800 20 174 0.04 0.08 451
3 220 2800 20 196 0.03 0.93 451
4 170 3000 20 142 0.10 0.05 442
5 195 3000 20 163 0.04 0.04 452
6 220 3000 20 183 0.02 0.58 452
7 170 3200 20 133 0.10 0.04 431
8 195 3200 20 152 0.04 0.03 451
9 220 3200 20 172 0.04 0.21 452
10 170 2800 30 101 0.08 0.02 446
11 195 2800 30 116 0.07 0.02 449
12 220 2800 30 131 0.04 0.10 456
13 170 3000 30 94 0.07 0.02 445
14 195 3000 30 108 0.04 0.02 454
15 220 3000 30 122 0.03 0.03 460
16 170 3200 30 89 0.09 0.04 443
17 195 3200 30 102 0.05 0.02 449
18 220 3200 30 115 0.06 0.06 450
19 170 2800 40 76 0.08 0.05 436
20 195 2800 40 87 0.04 0.05 445
21 220 2800 40 98 0.04 0.09 453
22 170 3000 40 71 0.26 0.14 437
23 195 3000 40 81 0.08 0.04 438
24 220 3000 40 92 0.05 0.07 443
25 170 3200 40 66 0.25 0.05 434
26 195 3200 40 76 0.14 0.05 436
27 220 3200 40 86 0.07 0.03 448
28 195 3000 30 108 0.06 0.02 443
29 195 3000 30 108 0.07 0.02 443
30 195 3000 30 108 0.08 0.04 442

* This is the energy density which includes a layer thickness of 20 µm.

2.2. L-PBF

Thirty cubes of dimensions 15 mm × 15 mm × 15 mm were manufactured with M290 equipment
(Electro Optical Systems (EOS) GmbH, Krailling, Germany), according to the process parameters
given in the first four columns of Table 1. Six more cubes (Samples 31–36) were manufactured,
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with hand-picked process parameters. These samples were later used to validate the results of the
factorial design. The layer thickness was kept constant at 20 µm. Modde was used to produce the
parameter matrix as explained in Section 2.1. The cubes were arranged as illustrated in Figure 1a.
The blue colored cubes represented the replicated experiments (Samples 31 and 32 were also replicates),
and the orange colored cubes were the experiments with varied process parameters. The replicates
have a center point level, which meant that their values were at the midpoint of the levels of each
factor. For example, the power level 195 J/s was the midpoint of 170 and 220 J/s. The arrangement
of the replicates was made as illustrated, so that the response owing to the location of the replicates
could be compared. The stripe scanning strategy was used, according to which when building a new
layer, the scans were rotated 67◦ from the direction of the previously built layer. More details of the
stripe pattern strategy can be found in [22]. There were no contour scans. Figure 1b shows some of the
cube samples manufactured. Note that a cross section had been cut from, for example, Sample 31 for
investigations, which is discussed in Section 2.3. The material used was gas atomized Alloy 247LC
virgin powder, whose nominal composition is given in Table 2. The average particle size of the powder
was approximately 30 µm and the powder had a certain porosity caused by argon gas entrapment and
shrinkage. Details of the powder characterization are given in [23].

Figure 1. (a) Illustration of cube locations with the orange color representing experiments with different
process parameter sets and blue color representing repeated experiments (replicates); (b) Some of the
manufactured cubes.
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Table 2. Nominal composition of Alloy 247LC (wt.%).

C Cr Ni Co Mo W Ta Ti Al B Zr Hf

0.07 8.1 Bal 9.2 0.5 9.5 3.2 0.7 5.6 0.015 0.015 1.4

2.3. Void and Crack Quantification

Each of the cubes were cut and examined at approximately 5, 9, and 12 mm from an edge of the
cube. Sample 31 in the bottom right corner of Figure 1b shows an example of the appearance of a
cube after the first cross section was cut out. The investigated surface was parallel to the L-PBF build
direction, which was from the bottom to the top of the cube. The cross sections were mounted in a
hot mounting resin, ground, and polished in an automated grinding equipment. The samples were
not etched. An optical microscope Zeiss Axio (Carl Zeiss Microscopy, GmbH, Göttingen, Germany)
was used to capture nine images at 50×magnification; the images were spread over the entire area of
each sample. The voids were quantified in the image analysis software Image J (Version 1.51, National
Institutes of Health, Bethesda, MD, USA). A threshold was manually applied to exclude cracks from
the image, so that only the voids were present. The total area of voids as a percentage of the area of the
image was adopted a measure for the void content. The average void content of the images for all
cross sections was gathered. In the crack density quantification, nine optical images, spread along
the entire area of each sample were photographed, and the total crack length of all the cracks was
measured. The measurements were made using the Zeiss application software of the microscope at
100×magnification. The crack density (1/mm) was calculated by dividing the total crack length by the
total area of the micrographs to give the crack density.

2.4. Microhardness Measurement

The microhardness was measured in a Struers Duramin-40 tester (Struers Inc, Cleveland, OH,
USA). A 0.5 kg test load was employed to make indentions at nine points in each sample with a dwell
time of 10 s. The nine points were divided into three points each, distributed in the top, middle,
and bottom of the samples. This was done to determine if the microhardness measurements varied
along the height of each cube.

3. Results and Discussion

3.1. Voids

The void contents of Samples 1–30 are displayed in Figure 2. These data were taken directly from
Table 1. The colors were chosen according to Figure 1a.

Figure 2. Void contents of samples manufactured by L-PBF (samples with varied parameters are in
orange color, while replicates are in blue).

Sample 14 and its replicates displayed similar low void content values. This was reflected in
the calculated repeatability value of 0.91. This indicates that the location of the cubes may not be
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influencing the void content result. This is vital to the study as it shows that the voids are linked to
the process parameters alone and were independent of the location on the build plate. This need not
be the case if the location-dependent thermal history influenced the void content as was observed
in [24]. In an earlier study, the same EOS M290 equipment was used to manufacture samples of Alloy
247LC [25]. The energy density used in that study was 113.5 J/mm3, and the resultant void content
was 0.04%, which was close to a void content of 0.06% displayed by Sample 18. It should be noted that
sample 18 was manufactured with a similar energy density of 115 J/mm3. Several samples revealed
low void content, i.e., less than 0.05% and hence, these samples could be considered as completely
dense for many applications. Sample 22 displayed the highest void content, followed by Samples 25
and 26. Typical optical micrographs of Samples 22 and 28 (one of the replicates) are shown in Figure 3.

Figure 3. Typical optical micrographs showing noticeable difference in the void contents among the
samples: (a) Sample 22; (b) Sample 28.

It is apparent that the void content was high in Sample 22 compared to that of Sample 28. The lack
of fusion was observed to be the main cause for these voids. Lack of fusion is associated with a low
energy density input. Under such a condition, full melting is not attained and only a small amount of
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liquid is formed, which inhibits wettability, thereby causing a lack of fusion [12]. Samples 22, 25, and 26
have energy densities of 71, 66, and 76 J/mm3, respectively. These values were the lowest among the
energy densities calculated for all the samples. It was proposed that a critical energy density value
existed where full densification would occur [2,12,26]. According to Carter, that value was 85 J/mm3

for nickel-based superalloy components manufactured by L-PBF [26]. In the present work, it was
found that at and above 81 J/mm3, all the samples were at least 99.9% dense. This value was close to
what was proposed by Carter. Below the energy density threshold, void content increased steeply.
An energy density plot of the voids is presented at the end of Section 3.4. The interaction plot of power
and speed on the void content was analyzed in Modde and is displayed in Figure 4.

Figure 4. Power and speed interaction plot.

The initial observation was that there was no noticeable interaction between the power and speed,
as the red, blue, and green power plots were approximately parallel to one another. The explanation
for this is presented later in this section and in Section 3.2, when the crack density interaction plots
are discussed. Figure 4, however, shows that the void content increased with decreasing power and
increasing speed. The p-value of the regression model of the present study was 0.000, which indicates
that the model was statistically significant. It is important to know which of the process parameters
had the strongest influence on the void formation, and whether there were any significant interactions
among these parameters. To this end, the regression coefficients calculated in Modde, are presented
in Table 3. The parameters that had statistically significant values (p < 0.05) are marked in green,
while those that had non-significant values (p ≥ 0.05) are marked in red. All the coefficients are plotted
in Figure 5 and shown together with their 95% confidence intervals. In line with the information
presented in Table 3 and Figure 5, it can be interpreted that the regression coefficient for power was
statistically highly significant and had the strongest influence on the void content. The interactions
power*power, speed*speed, hatch*hatch, power*speed, were not statistically significant. This is
evident from Figure 5, wherein the non-significant parameters marked in red had zero included in
their confidence intervals. The parameters in green were significant and influenced the void content.
This interpretation was consistent with the null hypothesis given in Section 2.1. An example of a
response surface plotted for void content is displayed in Figure 6. Here, the void content is observed to
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be varying with power and speed. The hatch was constant at 30 µm. The lines of constant voids were
projected on the power and speed plane as contour plots. Similar surface response and corresponding
contours were plotted for hatch distances of 20 and 40 µm but were not shown here for brevity. Contour
plot examples were displayed in Section 3.4 where the influence of power, speed and hatch on the void
can be simultaneously observed.

Table 3. Coefficients and p-values of regression constants.

Factor Constant Coefficient p-Value

β0 0.0563162 0.000151063
Power β1 −0.0320426 0.0000245546
Speed β2 0.014924 0.0195258
Hatch β3 0.0228249 0.000923855

power*power β11 0.0108931 0.162019
speed*speed β22 −0.00378128 0.619757
hatch*hatch β33 0.0118714 0.129252

power*speed β12 −0.00726209 0.215015
power*hatch β13 −0.0124493 0.0401212
speed*hatch β23 0.0140055 0.022656

Figure 5. Regression coefficients for different factors and interaction of factors affecting void content
(green bars indicate significant factors, while red bars indicate non-significant factors).

The next step is to know how the experimentally measured void content compared with
the calculated results of the regression model. The regression model was the following.
y = 0.0563162 − 0.0320426x1 + 0.014924x2 + 0.0228249x3 + 0.0108931x2

1 − 0.00378128x2
2 +

0.0118714x2
3 − 0.00726209x1x2 − 0.0124493x1x3 + 0.0140055x2x3. Recall that the coefficients had

confidence intervals and the x variables were defined on a coded scale as explained in Section 2.1.
The R2 value was 0.78, which indicates that the experimental results were reasonably close to the
calculated values. A plot comparing the measured and calculated void contents is displayed in
Figure 7. It appears that the fit was better when the values were <0.1%; however, the overall fit was
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still significantly close to the 1:1 line (the line crossing the points where the calculated values are equal
to the measured values).

Figure 6. Response surface plot showing void content at different powers and speeds for a hatch of
30 µm.

Figure 7. Comparison of experimentally measured void content with calculated void content from the
regression model.

3.2. Cracks

The crack density, as seen in Table 1 and displayed in Figure 8, was lower compared to that
reported by Carter [2]. Sample 14 and its replicates displayed crack density values which were close to
one another, which again indicated that the location may not influence the crack density. This was
evident with the repeatability value of 0.99. Unlike in the study by Carter et al., many samples in
the present study had crack densities close to zero, as shown in Figure 8. Samples 3 and 6 had the
highest crack densities, which corresponded to the highest energy density values. Figure 9 shows
a typical optical micrograph (taken of Sample 3) displaying the cracks. This micrograph could be
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compared to that of Sample 28, which had a crack density close to zero, as depicted in Figure 3. It was
observed that samples 3 and 6 with high crack density displayed an energy density trend opposite to
that displayed by samples 22, 25 and 26 with high void content. It appeared that high energy density
promoted cracking—an observation that agreed with those from the literature [2,27]. This trend was
observed above 163 J/mm3 where a steep increase in crack density occurred (see the end of Section 3.4).
The interaction analysis in Modde for power and hatch can be used to illustrate this trend, as shown in
Figure 10.

Figure 8. Crack density of samples manufactured by L-PBF (samples with varied parameters are in
orange color, while replicates are in blue).

Figure 9. Typical micrograph (of Sample 3) showing prevalence of cracks.

What is immediately evident is the significance of power*hatch interaction, which is the reason
for the plots crossing each other at some points. It shows that the crack density trend (the slope of each
plot) of the power depends on the level of the hatch. The void content plots of the power and speed
shown earlier in Figure 4 did not cross one another because their interactions were not significant. It is
seen in Figure 10 that the crack density reduced with reduced power at power levels between 195 and
220 J/s. The rate of reduction, however, was less at power levels < 195 J/s, as displayed in the 20 µm
hatch case. The crack density was almost constant at 30 µm hatch and eventually increased at 40 µm
hatch. This characteristic of the graph at low power and large hatch was because the cracks started to
appear when the lack of fusion became higher. The sharp corners of the lack of fusion voids induced
high stress concentrations, which promoted cracking [28]. This is displayed in Sample 22, depicted in
Figure 11.
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Figure 10. Power and hatch interaction plot.

Figure 11. Micrograph of Sample 22 showing a crack (indicated by the arrow) initiated at the edge of a
lack of fusion void.

The origins of some of the cracks, however, were not so evident and require further investigations.
The regression coefficient chart is displayed in Figure 12. Here, the interaction parameter power*hatch
was the strongest and most statistically significant process parameter influencing the crack density.
Other significant and non-significant factors could be identified using the approach described in the
section on void content. The p-value was 0.000 and the response surface plot is also shown in Figure 13,
which displays the variation of crack density with power and speed at a constant hatch of 20 µm.
The general trend of a high cracking density with high power and low speed is clear and is also visible
in the contour plots for crack density in Section 3.4. The plot of the experimentally measured crack
density values, when compared to the calculated results is displayed in Figure 14. The regression
model was fitted as y = −0.00394012 + 0.07258x1 − 0.0373897x2 − 0.0629027x3 + 0.055843x2

1 −
0.00680932x2

2 + 0.0578009x2
3 − 0.0436657x1x2 − 0.0852521x1x3 + 0.0369079x2x3. Even though the R2 of
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the model was reasonably high at 0.75, it can be noticed that the calculated results did not accurately
match the measured results. The model exhibited lack of fit; this was indicated in the ANOVA table.
It is noticeable in Figure 14 that negative values were predicted for the crack density. Its physical
interpretation is not that negative crack content existed. In fact, the measured values were close to
zero, which along with a lack of fit, made it numerically possible for negative values to be generated.

Figure 12. Regression coefficients for different factors and interaction of factors affecting the crack
density (green bars indicate significant factors, while red bars indicate non-significant factors).

Figure 13. Response surface plot showing crack density at different powers and speeds for a hatch of
20 µm.
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Figure 14. Comparison of experimentally measured crack density with calculated values from regression
model (red data points indicate calculated point with negative values of crack density).

3.3. Microhardness

The microhardness of all the samples was measured and the results are presented in Figure 15.
The microhardness values ranged between 431 and 460 HV0.5.

Figure 15. Microhardness of samples manufactured by L-PBF (samples with varied parameters are in
orange, while replicates in blue).

The reported values of microhardness of cast Alloy 247 samples were within the range of 430–456
HV0.5 [29]. The present L-PBF manufactured Alloy 247LC samples, thus demonstrated microhardness
close to that of the cast samples, which indicates that L-PBF compares favorably with the conventional
methods of manufacturing. The highest microhardness of the present samples was also close to 463
HV0.5 reported for the L-PBF of alloy 247 [19]. Alloy 247 has a higher carbon content than Alloy
247LC. The average microhardness measurement in a previous L-PBF Alloy 247LC study mentioned
in Section 3.1 [25] was 421 HV0.5, which was lower than the 450 HV0.5 obtained from a similar
energy density sample (Sample 18). The replicates, i.e., Samples 28, 29, and 30 had similar values,
but they differed from Sample 14. The repeatability value, which was 0.34, was thus low. The other
replicates, Samples 31 and 32 outside the factorial design had similar values as did Samples 28, 29,
and 30 (refer to Tables 4 and 5 in Section 3.4). Thus, this suggests that the samples may actually
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be repeatable. The reason why the replicates differed from Sample 14 could not be ascertained and
would need a more detailed microstructural investigation. The microhardness plot portrayed that
the values were close to one another for all the samples. As can be seen, the difference between
the highest and lowest microhardness values was 29 HV0.5. Despite this, the analysis in Modde
still portrayed that a relationship existed, which was supported by a strong statistically significant
p-value of 0.001. Figure 16 displays the interaction plot of power and speed. Here, it is evident that
high power and low speed led to higher microhardness. There was no significant power and speed
interaction, which was also evident in Figure 17. The predictions of the response surface plot are
displayed in Figure 18, which also corresponds to the observations made from Figure 16. Power was
the most statistically significant process parameter, as displayed in Figure 17. It appeared there was
a trend of low microhardness as void content decreased. It was noticeable that the samples with
the highest void content and lowest energy density, as discussed earlier (Samples 22, 25, and 26)
demonstrated relatively low microhardness. The samples with the highest crack density (Samples
3 and 6) demonstrated microhardness values that belonged to the top 33% of all the microhardness
values. A distinct relationship between microhardness and crack density, however, was not evident.
It is known that the primary strengthening mechanism in conventionally processed nickel-based
superalloys—for example, Alloy 247LC—is by the precipitation of the ordered γ’ [30,31]. Findings from
literature also confirm the presence of γ’ in the as-built condition of L-PBF-manufactured Alloy 247LC
components [19–21]. This aforementioned mechanism may depend on the process parameters and
will affect the microhardness of the samples (different process parameters result in different thermal
treatments, which may result in different sizes and amounts of γ’ precipitation). Correspondingly,
the cracking behavior may be influenced. For example, a top layer may heat the preceding layer,
which may cause a stress relief to happen in the temperature range, in which γ’ is precipitated, thereby
causing a strain age cracking. The presence of a high volume fraction of γ’ may also make it susceptible
to constitutional liquation, causing hot cracks, as suggested by [32]. The microstructure characteristics
and crack mechanism would warrant a detailed microscopic evaluation and will be part of a future
study. It was also of interest to know if the microhardness changed along the height of the sample,
because of the layer-by-layer melting approach. Therefore, the microhardness values obtained in
the top, middle, and bottom of each sample were compared. The results showed that these values
were close. Wang et al. [21] showed that the γ’ sizes were similar in the top layer and the bulk of the
L-PBF-manufactured Alloy 247LC, which implies that the microhardness may be similar. This may not
be the case if the local thermal history in the sample leads to different γ’ sizes or if γ’ coarsening occurs,
as was observed in [33,34]. A comparison of the measured microhardness to the calculated values
is displayed in Figure 19. The regression model was fitted as y = 448.474 + 4.5794x1 − 1.72675x2 −
2.58229x3 − 0.153924x2

1 − 0.116772x2
2 − 2.35728x2

3 + 0.434383x1x2 − 0.0677355x1x3 − 0.0696204x2x3. Here,
the R2 value was 0.71; the points are relatively close and uniformly dispersed around the 1:1 line.
This demonstrates a relatively good fit.
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Figure 16. Power and speed interaction plot.

Figure 17. Regression coefficients of different factors and interaction of factors affecting
the microhardness (the green bars indicate significant factors, while the red ones indicate
non-significant factors).
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Figure 18. Response surface plot showing microhardness at different powers and speeds for a hatch of
20 µm.

Figure 19. Comparison of experimentally measured microhardness to the calculated values from the
regression model.

3.4. Prediction of Process Parameter Window

To predict the windows of power, speed, and hatch, where low void content and crack density can
be found, three perspectives were defined. In the first two, it was of interest to determine the process
parameters, for which either a low void content or low crack density exists. The third perspective was
to determine the process parameters, corresponding to which a combination of low void content and
low crack density exists. The first approach, low void content, can be analyzed as follows, using a 4D
void contour plot displayed in Figure 20.
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Figure 20. Void contour plots providing predictions of where low void fraction is likely to be present.

The plot shows the variation of hatch distance with power at three different speeds. The lines
of constant voids are marked on the plot. The operating window of low void content, for example
areas with a void content of less than <0.04 (colored light blue and dark blue), are observed at the
right-hand side of every speed plot. The area moves from the bottom right at a speed of 3200 mm/s
upwards as the speed reduces. Thus, the lowest voids were found at the high power lines of 2800 mm/s
speed. Notice that the low void content region extended almost throughout the length of the hatch
axes. The plot also shows that low void content areas could be found outside the present parameter
windows. This region should be within the blue colored region, away from the right side of the
contour maps. An example of a prediction of a new process parameter set that is likely to produce a
low void content is 240 J/s, 2800 mm/s, and 30 µm. Reducing the speed to 2600 mm/s and operating
at the present power and hatch values are also likely to increase the blue area. It should, however,
be remembered that speed had a lesser influence than power in the void content, as displayed in
Figure 5. The prediction using the low void content approach implies that there would be cracks
remaining. These cracks, anyway, would have to be removed by some viable methods. As the high
stresses prevalent in the L-PBF process are one of the main causes of cracking, methods that reduce
the stress could eliminate the cracks. This can be achieved, for example, by preheating the substrate,
as proposed in [35]. Hot isostatic pressing (HIP) has also been demonstrated to close the cracks as seen
from microstructure evaluations [13,25,36]. However, the creep life of HIPed L-PBF samples is very
low, when compared to cast parts, even after undergoing solutioning and ageing heat treatments [2].
This suggests that the cracks may not be fully closed or that the regions of the cracks may have low
ductility. The eventual solution to this problem may involve compositional modification. An example
of such modification in Inconel 738LC was proposed in [37]. The second approach of lowering the
crack density is considering the 4D contour plots for crack density, as displayed in Figure 21.
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Figure 21. Crack density contour plots providing predictions of where low crack density is likely to
be present.

Here the low crack density area (shaded in blue) is shifting from the top left to the middle as
the speed increases. The blue region is wider at 3200 mm/s. Even here, low crack density process
parameter sets, outside the present window exist. An example is the parameter set 145 J/s, 3200 mm/s,
and 20 µm. The third approach requires plotting a sweet spot where both low porosity and low crack
density could be found. The criterion used for this was that both porosity and crack density should be
less than 0.05% and 0.05/mm, respectively. The sweet spots are the green areas displayed in Figure 22.

Figure 22. Hatch versus power and speed plots (the green areas represent process parameter sets.
which yield low void content and low crack density, i.e., less than 0.05% and 0.05/mm of void fraction
and crack density, respectively).
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Here, blue means low void content or crack density, while white means neither low void content
nor low crack density.

New parameter sets for void content and crack density could be investigated by designing new
experiments that are based on the present predictions. This will be carried out in a future study.
Currently, the six samples, whose parameters were chosen manually, and which were not included
in the factorial design, could be used to validate the present model. Their results are displayed in
Tables 4 and 5. Table 4 shows the process parameters, while Table 5 shows the measured values (in line
with Sections 2.3 and 2.4), and the model-calculated values (in line with Section 2.1). The predicted
microhardness was close to the measured values. However, the predicted void content and crack
density showed some disparity when compared to the measured values. Nevertheless, the measured
and calculated values were close from an application perspective. For example, Sample 34 displayed a
possibly large disparity in the void content (50% higher predicted value than the measured value).
This difference was, however, not significant when sample densities (a measured density of 99.94% to
predicted density of 99.91%) were compared. The negative values in the predicted crack density of
Samples 33 and 34 reflected the lack of fit in the model. This is not a physical reality, as explained in
the discussion of Figure 14. Such a situation was also observed in [2], [15]. It was discussed earlier that
one of the main challenges during the L-PBF processing of Alloy 247LC was cracking. Even though
crack density close to zero could be obtained in the experiments, small cracks could still be found in
reality. These cracks have a high potential of propagating and deteriorating the mechanical properties.
The remaining voids may not pose serious problems and could be successfully removed by HIP. It may
be recalled that a number of samples had very low void content (less than 0.05% porosity), which is
considered dense for its intended applications in gas turbine blades.

Table 4. Process parameters of the additional six samples.

Experiment Power
(J/s)

Speed
(mm/s)

Hatch
(µm)

Energy Density(
J/mm3

)
*

31 195 3000 30 108
32 195 3000 30 108
33 180 2800 30 107
34 180 3000 30 100
35 210 2800 30 125
36 210 3000 30 117

* This is the volumetric energy density, which includes a layer thickness of 20 µm.

Table 5. Measured and calculated values of the additional six samples.

Experiment Measured
Voids [%]

Predicted
Voids [%]

Measured
Crack Density

(1/mm)

Predicted Crack
Density
(1/mm)

Measured
Microhardness

(HV0.5)

Predicted
Microhardness

(HV0.5)

31 0.09 0.06 0.02 0 444 448
32 0.05 0.06 0.02 0 445 448
33 0.07 0.05 0.01 −0.03 443 447
34 0.06 0.09 0.02 −0.02 444 445
35 0.02 0.02 0.03 0.16 449 453
36 0.03 0.04 0.02 0.08 450 452

It is also useful to examine the energy density range, in which both low void content and crack
density could be found. As the analysis was not included in the DOE factorial design in Modde, a map
was created in excel to show the trend. It may be recalled that the layer thickness was included in
the energy density. A good working range becomes evident when the measured void content and
crack density values are plotted over energy density, as displayed in Figure 23. The arrow identifies an
energy density range between 81 and 163 J/mm3, where both void content and crack density were
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relatively low. Outside this range, either the void content (on the left side of the arrow) or the crack
density (on the right side of the arrow) began to rise steeply.

Figure 23. Energy density working range, in which low void content and crack density are found.

4. Conclusions

The main conclusions from this study can be summarized as follows:

• Highly dense Alloy 247LC samples with low crack density were obtained with appropriately
selected L-PBF process parameters.

• High energy density (above 163 J/mm3), defined by power, speed and hatch, led to a steep increase
in crack density. Low energy density (below 81 J/mm3) led to a steep increase in void content.

• There was no strong trend for the relation between the microhardness and crack density; however,
relatively high microhardness was obtained in the two samples that demonstrated the highest
crack density. A trend of low microhardness was displayed in samples with high void content.

• Power was the strongest process parameter affecting the void content, while the interaction of
power and hatch was the strongest process parameter influencing the crack density. Finally,
power was the strongest process parameter influencing the microhardness.

• Process parameter windows were obtained for the lowest crack density and/or lowest void content.
New process parameters for low void content and crack density were predicted.

A proposal for future work is given in the following.

• The predicted process windows given in Section 3.4 indicted that other sets of parameters that
may produce low voids and cracks exist. Therefore, the presented process windows can be used
as a guide to expand the DOE for further analysis.

• New responses connected to the microstructure and crack formation mechanism in the samples
can be measured and statistically analyzed across the 30 samples (or a new DOE samples) using
the same approach in the present paper. The following responses are proposed.

� Grain size;
� Size and volume fraction of phases and precipitates;
� Extent of element segregation;
� Creep life and strain.

• A well-designed scanning strategy mitigates the stress and may reduce the cracks. The role of
different scanning strategies on the cracks should be investigated.
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• It is important to detect the cracking mechanism(s) and propose solutions. Thus, the microstructure
should be investigated using advance microscopy—for example, high resolution scanning
electron microscopy.
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Abstract: This paper reviews state of the art laser powder bed fusion (L-PBF) manufacturing
of γ′ nickel-based superalloys. L-PBF resembles welding; therefore, weld-cracking mechanisms,
such as solidification, liquation, strain age, and ductility-dip cracking, may occur during L-PBF
manufacturing. Spherical pores and lack-of-fusion voids are other defects that may occur in
γ′-strengthened nickel-based superalloys manufactured with L-PBF. There is a correlation between
defect formation and the process parameters used in the L-PBF process. Prerequisites for solidification
cracking include nonequilibrium solidification due to segregating elements, the presence of liquid
film between cells, a wide critical temperature range, and the presence of thermal or residual stress.
These prerequisites are present in L-PBF processes. The phases found in L-PBF-manufactured
γ′-strengthened superalloys closely resemble those of the equivalent cast materials, where γ, γ′,
and γ/γ′ eutectic and carbides are typically present in the microstructure. Additionally, the sizes of
the γ′ particles are small in as-built L-PBF materials because of the high cooling rate. Furthermore,
the creep performance of L-PBF-manufactured materials is inferior to that of cast material because of
the presence of defects and the small grain size in the L-PBF materials; however, some vertically built
L-PBF materials have demonstrated creep properties that are close to those of cast materials.

Keywords: laser powder bed fusion; nickel-based superalloy; microstructure; defects; cracks

1. Introduction

The quest for higher efficiency jet engines and land-based gas turbines has necessitated the use of
materials that can withstand the mechanical stress of operating at extremely high temperatures [1].
Nickel-based superalloys are suitable for turbine blade applications where they confer resistance to creep,
fatigue, and oxidation and protect against corrosion [1]. Although additional creep resistance benefits
can be gained with γ′ nickel-based superalloys, they come at the cost of processability. For superalloy
development, mechanical properties must be balanced with processability [2]. An example of a
processing difficulty is that alloys with a high volume fraction of γ′ are susceptible to cracking during
welding. Weldability is attributed to the content of Al and Ti. When the Al + Ti content exceeds
approximately 4.5 wt.%, the alloy is considered to be nonweldable [3]. Table 1 displays the composition
of Alloy 247LC (where “LC” means “low carbon”), one of the alloys reviewed in this paper. The Al + Ti
content is 6.3 wt.%, placing this material into the nonweldable range according to [3]. Similarly, Alloy
247, Inconel 738LC, and 939 are also in the nonweldable range (Table 1). The Al+ Ti content of Waspaloy
is 4.2 wt.%; therefore, it is weldable, according to [3]. Laser powder bed fusion (L-PBF) is of interest for
the manufacture of turbine blades using γ′-strengthened nickel-based superalloys. Turbine blades have
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intricate designs with internal cooling channels and geometrical constraints that L-PBF is adequately
suited to address. Such geometry can be difficult, or even impossible, to achieve by conventional
manufacturing [4]. For example, the processing of turbine blades from Alloy 247 has historically been
challenging [5]. L-PBF has demonstrated potential in such applications. However, processability
challenges with γ′ are similar to those that occur in welding. In this paper, processability is discussed
from the perspective of producing parts that are defect-free and have suitable microstructural and
mechanical properties. A search of literature published from the year 2000 to the present, displayed in
Figure 1, yielded few publications on powder bed fusion (PBF; using laser and electron beam energy
sources) of superalloys. In comparison, publications on PBF or superalloys are numerous. A search
for publications on PBF with γ′ nickel-based superalloys produced so few results that their presence
is barely evident in the chart. After a detailed search, 36 publications where L-PBF was used to
manufacture γ′ nickel-based superalloys were found. These superalloys were reviewed in the present
work and their nominal compositions are listed in Table 1. Despite the high-temperature strength of
γ′ superalloys and the importance of their potential applications, the problems encountered during
processing may be responsible for the paucity of publications to date. Most publications on PBF of
superalloys involve Alloy 718, as seen in the bottom of Figure 1. Alloy 718 is primarily strengthened
by γ” (therefore, Alloy 718 is not reviewed in this paper) and is relatively easy to process [6].

Table 1. Nominal compositions (wt.%) of γ′-strengthened nickel-based superalloys [1,3,5,7].

Alloy C Cr Ni Co Mo W Ta Ti Al B Zr Hf Nb Fe

247 0.15 8.4 balance 10 0.7 10 3 1 5.5 0.015 0.05 1.5 - -

247LC 0.07 8.1 balance 9.2 0.5 9.5 3.2 0.7 5.6 0.015 0.015 1.4 - -

738LC * 0.11 16 61 8.5 1.7 2.6 1.7 3.4 3.4 0.010 0.05 - 0.9 -

939 ** 0.15 22.5 48 19 - 2 1.4 3.7 1.9 0.009 0.09 - 1 -

Waspaloy 0.07 19.5 57.5 13.5 4.2 - - 3 1.2 0.005 0.09 - - 1

100 *** 0.18 10 60.5 15 3 - - 5 5.5 0.01 0.06 - - -

Rene 80 0.17 14 60 9.5 4 4 - 5 3 0.015 0.03 - - -

CMSX-4 6.5 balance 9.7 0.4 6.4 6.5 1 5.6 Re 3

Haynes 230 0.1 22 57 - 2 14 - - 0.3 - - Mn 0.5 Si 0.4 -

Nimonic 263 0.06 20 51 20 5.9 - - 2.1 0.5 0.001 0.02 Mn 0.4 Si 0.3 -

* Inconel 738LC; ** Inconel 939; *** Inconel 100.
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2. Laser Powder Bed Fusion

2.1. Overview

L-PBF belongs to a class of additive manufacturing (AM) processes called “powder bed fusion” [8].
A laser beam melts a thin layer of powder on the surface of a substrate or a previously formed powder
layer. The melting is performed such that single tracks are formed on each layer in a predefined
pattern. Successive layers are melted vertically, forming the required part. The densification and
properties of the part depend on single tracks and layer-by-layer formation [9,10]. The thermal history
of a single track, the microstructure, and subsequent part properties are governed by several process
parameters, including scan speed, power, and hatch distance. Optimized process parameters are
required to produce acceptable parts [8]. In industry, knowledge of the process parameters and
material interactions is needed to fabricate parts with the required properties. Navrotsky et al. [4]
postulated that such knowledge is not readily available. The processing window is limited, and
optimization is difficult to achieve [10]. Hence, the industrial capability for processing materials with
AM is limited by the lack of process parameter knowledge. Adequate process parameter knowledge
ensures that AM processes are optimized in terms of speed, tolerances/surfaces, and strength so that
the industrial quality standards for these materials are achieved [4]. To understand the influence of
different process parameters on the L-PBF process, a term that encompasses the combined effects of
vital process parameters into one measurable unit is “energy density,” which has been employed in
many studies [11–13]. The energy density equation is as follows:

Laser Power (J/s)

Scan speed (mm)
s × hatch distance (mm) × layer thickness (mm)

(1)

2.2. Heat Source and Material Interaction in the L-PBF Process

The chosen process parameters contribute to the amount and manner of heat transfer during
the laser scanning process. Laser melting occurs by different heat transfer mechanisms and material
physics. The transfer of energy from the laser photon electromagnetic field to free electrons during the
scanning process and, ultimately, to other electrons and lattice defects in the powder was explained by
Yadroitsev [9]. A typical powder bed consists of solid powder particles in contact with each other. Air or
protective gas can exist between powder particles. After interacting with the laser, the solid particles
become molten. Heat is transferred through all phases (liquid, solid, and gas) by a combination of
radiation, conduction, and convection.

High thermal gradients are involved in L-PBF manufacturing and influence the resulting
microstructures and properties of the built materials. This relationship is well known in welding.
Debroy et al. [14] compared AM processes to welding and reported that a melt pool following the
direction of a traveling heat source is a characteristic of both AM and welding. The thermal cycles
differ spatially, and these differences influence the microstructure and subsequent properties achieved.
The microstructure is inhomogeneous and depends on the thermal cycles that are operating at each
location. The melt pool is typically smaller in L-PBF relative to welding; this explains why it is difficult
to slow the cooling rate in L-PBF processes. For example, some reports indicate that typical cooling
rates during laser welding are 102–106 K/s [15], whereas those during L-PBF are 106–108 K/s [16].
Welding also differs from L-PBF in terms of interaction materials; solid metals are used for welding,
and powder is used for L-PBF processes [14]. This distinction influences the characteristics of the
thermal cycles in L-PBF because the conductivity of powder is lower than that of the solid substrate.
This is illustrated by the temperature profiles of single tracks that are melted on a substrate and a
powder bed displayed in Figure 2 [17]. The solid substrate conducts heat much faster than the powder
bed. Therefore, the cooling rate near the substrate is faster than it is higher in the build because heat is
more readily released into the substrate. When successive single tracks are melted, the temperature
distribution can be described according to the example displayed in Figure 3. A simulation placed five
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single tracks (10 mm) side-by-side with a hatch distance of 75 µm [17]. The melting point is indicated
by Tmelt. Let point “X” be the start of the melting of the single Track 2 after the single Track 1 was
melted. Temperature measurements at a point “X” in the melting of the single Track 2 indicate that
temperature is at its peak. This is followed by rapid cooling as the melting of the track progresses and
the temperature at point “X” drops to its lowest value when the laser is at the end of the track. As time
progresses and as the melting of subsequent single tracks (Tracks 3, 4, and 5) ensues, position “X” is
subjected to similar temperature cycles, albeit with lower temperature peaks. Such temperature peaks
may be above or below the melting temperature. Similar profiles are followed by the temperature
measurements at the start of Tracks 1, 3, 4, and 5. The implication is that the microstructure formed
in the initial melt is transformed by reheating [14]. In summary, high thermal gradients, fast cooling
rates, and spatially variable thermal cycles are distinctive characteristics of AM processes. These data
confirm that complex microstructures form and influence the final properties of parts that are fabricated
with L-PBF.
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3. Defects Occurring from L-PBF of γ′ Nickel-Based Superalloys

3.1. Overview of Cracking and Porosity

For γ′ nickel-based superalloys, cracks are expected to be the predominant defect during L-PBF
processing as in welding. Cracking causes adverse consequences because it decreases the dimensional
accuracy, ductility, and strength of the AM components [18]. The cracking phenomena that occur in the
welding of γ′ nickel-based-superalloys are different; however, the underlying mechanisms are likely to
occur during L-PBF. Cracking mechanisms include the following:

Solidification cracking: This cracking occurs in the mushy zone of the solidifying melt pool [19,20].
Cracking is attributed to the presence of a liquid film in the last solidifying melt pool and residual
stress. Susceptibility to solidification cracking increases as the range of solidification temperature
widens. Different theories, such as Pellini’s strain theory, the shrinkage-brittleness theory, and Borland’s
generalized theory, have been used to explain this cracking mechanism [21–23]. Several metallurgical
factors influence susceptibility to solidification cracking, including the amount of liquid and its
distribution, primary solidification mode, the surface tension of the grain boundary liquid, and grain
structure [6].

Liquation cracking: Unlike solidification cracking, liquation cracking occurs in the heat-affected
zone outside the melt pool [24]. This zone is exposed to a temperature less than the liquidus temperature
of the base metal but high enough to cause local melting of the grain boundary constituents [6,25–27].
This exposure reduces ductility, which, coupled with stress, can lead to cracking. The propensity for
liquation cracking decreases as heat input decreases.

Strain age cracking (SAC): Postweld heat treatment (PWHT) plays a dual role in restoring the
microstructure and inducing stress relief. When stress relief occurs in conjunction with precipitation
hardening, high strain levels are induced that lead to cracking [6]. Precipitation hardening is associated
with reduced ductility, which aggravates SAC. This mechanism is also observed during repair welding.

Ductility-dip cracking (DDC): This is similar to SAC [28]; however, a decrease in ductility is not a
result of precipitation hardening; instead, it occurs because of the intense strain concentration at grain
boundary triple points caused by grain boundary sliding. DDC occurs at temperatures below the
solidus temperature [19].

Different types of pores exist in L-PBF components. They are described in the following:
Spherical pore: This type of pore is associated with the powder material, where a gas atomization

process introduces a pore. The ability to produce highly dense parts is jeopardized if the quality of the
powder is poor. Divya et al. [29] attributed the porosity that is observed in L-PBF of Alloy 247LC to
entrapped gases that are released during melting. Pores can also form when shielding gas is trapped
in the powder [14]. Pores due to entrapped gases are typically spherical in shape.

Lack-of-fusion: These are voids found in L-PBF components and are due to low energy input to
the process. These voids occur because a new layer fails to bond correctly with the previously formed
layer or substrate [14]. Low energy melts only a small amount of liquid, which has poor wettability [30].
Lack-of-fusion voids have a higher aspect ratio compared with gas pores and may have sharp edges.
Micrographs of as-built samples of L-PBF-manufactured Alloy 247LC studied by the present authors
are presented in Figure 4 and display pores and lack-of-fusion voids. In the light microscopy (LM)
micrograph in Figure 4a, a spherical gas pore and lack-of-fusion defect are indicated.

Keyhole pore: This type of pores is also commonly observed in AM. Keyhole pores arise because
of instability during high power density processing, which is typical in keyhole mode operations. Such
instability may collapse the keyhole and form a pore [14].
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3.2. Influence of Process Parameters on Cracking and Porosity

Cracks found in L-PBF γ′ nickel-based superalloys are related to the energy density. Figure 4b
displays a crack that was observed with scanning electron microscopy (SEM). The crack is along a
grain boundary parallel to the build direction. The effect of energy density on the densification of
L-PBF manufactured parts is similar among nickel-based superalloys because their compositions
are similar, and they exhibit similar laser absorption, reflectivity, and conductivity [12]. A study
was undertaken to investigate the effects of energy density on densification and crack propensity
after L-PBF of nickel-based superalloys. The nickel-based superalloys investigated included Alloy
247LC and CMSX 486. An energy density of 85 J/mm3 was determined as the threshold level where
full densification occurred (densification was calculated by subtracting the percent porosity from
100%) [13]. This energy density value can be used as a guide when choosing possible process windows
in optimization studies. Earlier work by Carter [31] evaluated the effects of process parameters on
crack density and porosity of Alloy 247LC. Cuboidal samples (10 mm × 10 mm × 10 mm) were
manufactured with Concept Laser M2 equipment (Concept Laser, Lichtenfels, Germany) using power
values ranging from 150 to 200 W, scanning speeds ranging from 400 to 2000 mm/s, and dimensionless
hatch distance values ranging from 0.2 to 0.53. When cracks and porosity were characterized in vertical
sections, a trend of decreasing crack density with increasing scanning speed or decreasing power
was observed. An increase in scanning speed or a decrease in power corresponds to a decrease in
energy density (refer to Equation (1)). The study determined that the mechanism of cracking and pore
type correlated with energy density input. At high energy density input, solidification cracks and
rough pores appeared because the high energy density vaporized certain elements. At medium energy
density input, cracking appeared to be due to DDC or liquation cracking, and the pores were smoother.
At low energy density input, lack-of-fusion defects were observed. The small hatch distance reduced
the porosity but increased the cracking. A small hatch distance increases the energy density, as seen in
Equation (1). The “optimal” process parameters, which caused the least number of cracks, were at
a scanning speed, laser power, and an absolute dimensionless hatch distance of 1500 mm/s, 150 W,
and 0.2, respectively [31]. The influence of process parameters on the porosity and cracking density
in CMX 486 showed trends similar to those seen in Alloy 247LC [31]. These studies each concluded
that it was impossible to eliminate cracks at the investigated process parameters. As highlighted
earlier, Alloy 247LC is considered to be a nonweldable alloy; therefore, it is not surprising that
the L-PBF-manufactured material contained cracks at the investigated process parameters. Process
parameter optimization alone may not eliminate cracks [19]. Lippold [19] stated that the metallurgical
properties of an alloy also influence cracking. Therefore, investigation of the metallurgical properties of
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the alloys was recommended to identify the root cause of the cracks. Such a metallurgical investigation
of the effects of segregated elements and the solidification temperature range on cracking was conducted
by Cloots et al. [32] and is discussed in Section 3.6. Instead of merely optimizing process parameters,
finding a solution to cracking and pore formation should also include alloy modification. Cloots et al.
also investigated the effect of process parameters on cracking in L-PBF of Inconel 738LC. An increase
in scanning speed decreased the crack density; however, it led to an increase in the total porosity.
This observation agrees with research done by Carter [31]. In the Cloots et al. study, evidence suggested
that solidification cracking was the predominant cracking mechanism. Cracks were primarily observed
in large-angle grain boundaries parallel to the build direction (i.e., the x-z plane) and reached 100 µm
in length. In the plane parallel to the laser scans (i.e., the x-y plane), cracks were transverse to the
plane of laser movement. Perevoshchikova et al. [33] achieved <0.5% porosity and decreased the
number of microcracks by using a medium scanning speed and small hatch spacing parameters in
L-PBF of Inconel 738LC. A high scanning speed produced lack-of-fusion defects between the melted
track and the layer beneath. A large hatch spacing also produced lack-of-fusion defects. L-PBF of
Alloy 247LC was researched by Divya et al. [29] and revealed that pores ranging from 0.5 to 20 µm
occupied 0.013% of the sampled area. This study demonstrated that cracks along cell boundaries
were prevalent. Although Carter [31] proposed that DDC was one mode of cracking, Divya et al. [29]
and Rickenbaucher et al. [34] rejected this proposal, proposing instead that solidification or liquation
cracking were possible cracking mechanisms. In L-PBF of Waspaloy, the porosity decreased with an
increase in energy density until vaporization occurred, which increased the amount of porosity [35].
This finding is similar to that of Carter [30]. A density of 99.7% was obtained for the optimized process
parameters, and crack formation appeared to decrease as a result [35]. A common finding among these
studies was that although high densification was achieved in L-PBF, cracks were still prevalent. A high
energy density (either through high power, low scanning speed, or small hatch distance) produced
high densification. However, high energy density also increased crack density. Low energy density had
the opposite effect: high porosity and low crack density. The evidence presented strongly supported
solidification cracking, although liquation cracking or DDC were also possible.

3.3. Influence of Laser Scanning Strategy on Cracking

Although energy density and its inherent process parameters influence densification and crack
density, scanning strategies also have a significant effect. A scanning strategy controls the scanning
pattern and maintains a uniform heat distribution during processing. A well-designed scanning
strategy can reduce the high residual stress that occurs during L-PBF [29,31,36]. Residual stress
influences crack formation, as discussed later in Section 3.4. Carter [31] used an “island scanning
strategy.” Island scans are long vectors or raster scans at millimeter-scale that are parallel to each other
in a designated area. The scan vectors in an adjacent area are perpendicular to those in the neighboring
area. Different areas lie within a larger area whose perimeter is contour scanned. An example of
an island scanning strategy is shown in Figure 5. Carter shifted the whole island scan area 1 mm
(in the x- and y-directions) in the next build layer. Carter attempted to use island scans to mitigate crack
formation, but the effort did not yield the desired result. The island scanning strategy was responsible
for a large scatter in the results of crack density measurements for L-PBF-manufactured Alloy 247LC
and CMX 486 using various process parameters [31]. The island scans caused the crack density to vary
(for the same process parameter set) at different cross-sections. The heat transfer during the island
scanning led to the formation of a bimodal grain structure, which affected the crack density. Aspects
of this grain structure are explained in Section 4.1. Carter compared a meander scanning strategy of
back and forth scan movements with an island scanning strategy. Meander scans are parallel to one
another and occupy a single area. The crack density in an area subjected to a meander scan was lower
than that in an island-scanned area. The island scanning strategy was described by Smith et al. [36]
to be less effective in achieving high bulk density compared with a fractal scanning strategy that is
also known as the “Hilbert and Peano-Gosper curve,” as shown in Figure 6. Fractal scans are short
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vectors at the micrometer scale. They are scanned continuously, yet the direction changes over the
designated area. The length of the fractal scans ranged between 100 and 300 µm. When these scanning
strategies were compared during L-PBF manufacturing of Alloy 247LC, the fractal scanning strategies
yielded remarkably higher bulk densities than the island scanning strategy. However, the difference
in crack density was not substantial [36]. However, the mode of crack propagation was found to
differ. The cracks followed the scanning vector direction with island scans, whereas with fractal scans,
the cracks were either parallel or at an angle to the scan vectors. The role of scanning strategy in
influencing the thermal cycle, reducing porosity, and cracking is significant; therefore, variants of
scanning strategies have been explored for L-PBF manufacturing with γ′ nickel-based superalloys.
Divya et al. [29] used a scanning pattern that followed a particular direction in one layer and was
then rotated 67◦ in subsequent layers. A cross-hatched unidirectional scanning pattern was used by
Cloots et al. [37] and Mumtaz et al. [35] for L-PBF with Inconel 738LC and Waspaloy, respectively.
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3.4. Influence of Stress on Cracking

L-PBF-manufactured material experiences temperature gradients that are influenced by the
material, process parameters, and scanning strategy. The temperature gradients permit nonuniform
heating and cooling that subsequently produce thermal and residual stress [14]. Other factors that
influence residual stress formation include variations in the coefficient of thermal expansion and an
uneven distribution of inelastic strains [14]. Because residual stress contributes to crack formation,
it is important to understand the development of stress during L-PBF of γ′-strengthened nickel-based
superalloys. However, few studies have investigated residual stress during L-PBF of γ′-strengthened
nickel-based superalloys. The mechanism by which thermal and residual stress influence cracking in
Alloy 247 was investigated in detail by Lee et al. [38]. The manufacturing method in this study was
electron beam powder bed fusion (EB-PBF). EB-PBF is comparable to L-PBF; the difference is that the
powder bed is heated and maintained at approximately 1000 ◦C in EB-PBF. Cylindrical specimens with
a diameter of 7.5 mm were fabricated. The specimens were oriented at 30◦, 40◦, 45◦, and 50◦ relative
to the z-axis (build direction). Cracks were located on the left side of the specimen; the right side
was primarily crack-free. Lee et al. [38] proposed that cooling occurred faster on the left side of the
specimen, as shown in Figure 7. The specimen orientation was such that heat dissipated through the
specimen on the left side, but heat dissipated through the powder on the right side. The powder has a
lower conductivity than bulk material, which explains why cooling occurred faster on the left side [38].
Numerical models were employed to determine the temperature and thermal stress distributions on the
x-y plane of the specimen, and the results are displayed in Figure 7. The surface temperature distribution
and thermal stress were inhomogeneous, as shown in Figure 8a,b, respectively. Lee et al. [38] showed
that as the orientation angle increased, the thermal stress became more inhomogeneous. The thermal
stress distribution exhibited tension on the left side of the specimen and compression on the right side.
Scheil-Guliver calculations were made within ThermCalc to determine the solidification temperature
range. A critical temperature range (CTR) was subsequently determined. The CTR used was a
temperature range in which a solid fraction of 0.7 to 0.98 was formed. Within this CTR, the material
was prone to hot cracking. The CTR was plotted on the x-y plane, as shown in Figure 8c. Lee et al. [38]
showed that cracking occurred in the x-y plane, where the CTR intersected the high tensile stress on
the left side of the specimen. After solidification, the alloy continued to cool, but the residual stress
still caused cracking. In EB-PBF, the residual stress was small because the powder bed was preheated
to approximately 1000 ◦C, thereby lowering the thermal gradient [38,39]. In L-PBF, there was no
preheating, and the residual stress was high. Consequently, cracking was more predominant in L-PBF
than in EB-PBF. The residual stress in the x-z plane in the z-direction (build direction) was investigated
in Chauvet et al. [39]. The investigators manufactured samples (23 mm × 23 mm × 30 mm) from a
nonweldable superalloy by EB-PBF. No cracks were observed at heights of less than 12 mm in the
z-direction. Cracks were observed between 12 and 30 mm in the z-direction, and these cracks were
located in high angle grain boundaries, indicating that tensile stress was present in the top layer.
This layer was unable to shrink due to the restrictive force of the solidified layers below. The presence of
tensile stress in the top layer can cause solidification or liquation cracks. Chauvet et al. [39] postulated
that the stress was lower at the bottom of the build and increased in the z-direction. The cracking
started when a critical tensile stress level was reached. Typically, in AM of thin-wall tracks, tensile stress
is found in top layers, and the tensile stress levels increase as the number of layers increases [40–45].
Shiomi et al. [45] suggested that a top layer has high residual stress because it is subjected to low
iterative thermal conditions necessary for stress relaxation. The ratio of residual stress to yield stress
in AM of nickel-based superalloys at room temperature exceeded those of Ti-6Al-4V and stainless
steel [14]. This suggests that nickel-based superalloys processed by L-PBF may display high residual
stress compared with other materials. A strain gauge measurement of the residual stress of Alloy
247LC manufactured by L-PBF was conducted by Boswell et al. [46]. The von Mises stress near the
substrate was 1134 MPa. The yield stress in L-PBF of Alloy 247LC measured by Wang et al. [47] was
792 MPa. A comparison of the two values indicated that the von Mises stress exceeded the yield stress.
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Cloots et al. [32] reported that the residual stress in L-PBF-manufactured Inconel 738LC reached 95%
of the yield stress. Zhao et al. [48] simulated thermal and residual stress in L-PBF single tracks of the
nickel-based superalloy GH4169. The calculated von Mises stress equivalent was 326 MPa at the hatch
region, where a single track crossed the previous track. At this location, the von Mises stress was
severe and approached the yield stress of the material. This was caused by the high thermal gradient
of the liquid melt on a previously solidified layer [48]. The stress distribution also displayed high
values of tensile stress at the location where the laser scan changed direction from one single track to
form the neighboring single track.
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the x-y plane in EB-PBF with Alloy 247. On the left side, the CTR is intercepted by high thermal stress,
and the formation of hot cracks is predicted. Reproduced from [38], with permission of Springer Nature.

3.5. Influence of Powder Composition on Porosity and Cracking

Engeli et al. [49] investigated the influence of different Inconel 738LC powder batches on the
formation of pores and cracks during L-PBF manufacturing. Eight powder batches of Inconel 738LC
were used for manufacturing cuboidal samples (15 mm × 10 mm × 10 mm) by L-PBF. Seven batches
were gas atomized (GA) powders, and one batch was water atomized (WA) powder. The same
process parameters were used (these process parameters had been optimized for one of the batches).
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The batches were categorized in terms of the particle size distribution (PSD), morphology, and chemical
composition. The processability in terms of porosity and crack density was evaluated for each batch.
The results showed that highly dense specimens with porosities less than 1.2% for GA powder batches
were formed. The porosity for the WA powder batch was 3.5%. The flowability, as calculated by the
Hausner ratio (a ratio of tapped and apparent density), affected the porosity. A low Hausner ratio
(i.e., having good flowability in the powder) resulted in better recoating and less porosity. The WA
powder displayed irregular morphology and poor flowability, so it performed more poorly than the GA
powder during recoating. These characteristics could have also caused the higher porosity observed in
materials fabricated with the WA powder. The influence of PSD on the porosity and crack density was
insignificant. The chemical composition of the powder batches influenced the crack density. The eight
powder batches had chemical compositions that deviated from the nominal composition of the powder.
The crack density in the batches was plotted against the concentrations of each element, and a linear
regression was derived. The coefficient of determination, R2, was estimated to evaluate the correlations
between the crack density and each element. Si displayed the strongest correlation to the crack density
as displayed in Figure 9 [49]. Si is a residual element in Inconel 738LC. The Si composition in each
powder batch varied between 0.018 and 0.212 wt.%. Carter [31] stated that Si should be limited in a
nominal composition of Alloy 247LC to a maximum of 0.03 wt.%. The powder used in reference [31]
had a Si composition of 0.04 wt.%, but this was considered a negligible variation that would not be
detrimental to processability. Harris et al. [5] found Si in regions around cracks in cast Alloy 247 and
recommended a maximum concentration of 0.03 wt.% [5]. Si widened the solidification temperature
range [50] and increased the cracking susceptibility. Engeli et al. [51] proposed that alloy compositions
should be optimized for AM and that such optimizations should be based on a knowledge of the AM
processability of various alloy compositions.
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Figure 9. The plot of the coefficient of determination (R2) of various elements. The coefficient of
determination was calculated from a linear regression that modeled the correlation of crack density
with the concentration of each element. The plot shows that Si has the largest value which means that
Si has the strongest correlation to crack density. Replotted from [49].

3.6. Influence of Solidification on Cracking

Other studies investigated the solidification behavior and elemental partitioning that cause
cracking. In Cloot et al. [32], Scheil-Guliver calculations indicated a low solidus temperature of 682 ◦C
and a wide critical temperature range (CTR). Calculations also showed that immediately above this
solidus temperature, the formed liquid contained approximately 28.52 wt.% Zr, which was substantially
higher than the nominal composition of 0.05 wt.%. A correlation between the low solidus temperature
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and segregation of Zr was established. This nonequilibrium solidification behavior explains why liquid
films are present along grain boundaries. The liquid films lead to brittle grain boundaries; when residual
stress is present, it causes solidification cracks. Atom probe tomography (APT) measurements were
performed across grain boundaries, and they revealed that Zr segregated at the grain boundaries;
these results agree with the Scheil-Guliver analysis. The APT measurements indicated that B also
segregated; however, this could not be linked to a decrease in the solidus temperature. Elemental
partitioning is seen with deep melt pools that can lead to hot cracking, whereas shallow melt pools can
mitigate cracking. The effect of Zr on cracking is not a new phenomenon. The transition from equiaxed
Alloy 247 to directionally solidified (DS) Alloy 247LC required that the Zr composition be reduced to
0.015 wt.% in DS Alloy 247LC [5]. Reductions in Zr and Ti and the appropriate control of Si and S
eliminated DS grain boundary cracking [5]. Chauvet et al. [39] performed studies similar to those of
Cloot et al. [32] and suggested that local B partitioning and the presence of low-melting liquid film
decreased the solidus temperature. Although the nonweldable nickel-based superalloy in this study
was manufactured by selective electron beam melting, which is identical to EB-PBF, the underlying
theory of classifying cracks is similar and remains rooted in the welding literature. Both studies [32,39]
reported that the presence of a liquid film in the previous solidifying melt contributed to cracking.
Both papers propose that microsegregation of elements widens the CTR; therefore, the liquid is
available at a lower temperature than is typically found at equilibrium solidification. Chauvet et al.
demonstrated that the CTR from a Scheil-Guliver calculation spanned 350 ◦C, whereas the CTR from
an equilibrium calculation spanned 100 ◦C. These results demonstrate that the factors necessary for
solidification cracks are not limited to the presence of liquid films or a large solidification temperature
range, but thermal or residual stress must pull apart the liquid film. Such a model is highlighted in the
studies mentioned above. In principle, high levels of thermal or residual stress are preconditions for
crack initiation that exist in L-PBF manufacturing. As discussed in Section 2.2, there are high thermal
gradients in L-PBF; therefore, high levels of thermal or residual stress are also formed.

3.7. Solutions to Cracking

Nickel-based superalloys with high γ′ content manufactured by L-PBF are prone to cracks,
as described in the studies discussed above. Conversely, laser processing methods that use
nonconventional L-PBF have been reported to reduce or eliminate cracks. One such study manufactured
Alloy 247 using “high-temperature selective laser melting,” which is similar to L-PBF [52]. Samples were
manufactured by L-PBF, and the substrate mount was preheated to 1200 ◦C, which conductively heated
the substrate. Control samples were also fabricated at room temperature (RT). At RT, hot cracking
was predominant and primarily oriented in the build direction. In preheated samples, no cracks were
observed. Selective laser epitaxy (SLE), another approach that is similar to L-PBF [53], was reported to
completely eliminate cracks. In the SLE experiments, a high-power beam of 1 kJ/s irradiated a 1500 µm
thick Alloy 247 powder layer on an equiaxed cast Alloy 247 substrate in one pass. The laser beam spot
size was 20 µm, scan spacing was 25.4 µm, and laser speed ranged from 400 to 550 mm/s. A crack-free
build correlated with a reduction in residual stress due to the shallow remelt of the substrate. A shallow
remelt region was achieved by regulating the energy input with a rapid scan speed and small spot
diameter. SLE also successfully deposited Inconel 100 to a thickness of approximately 1000 µm without
cracks [54]. Inconel 100 has an Al + Ti content of 11 wt.%, which makes it difficult to weld. Rene 80,
having an Al + Ti content of 7.7 wt.%, was also deposited with SLE in the work of Acharya et al. [55].
A zig-zag movement along the specimen width was used as a scanning strategy. The scan spacing
was 12.7 µm, and the scans were repeated to preheat the substrate and ensure adequate bonding
between the deposit and substrate. The scanning strategy and controlled energy input contributed
to the success of the deposition. Basak et al. [56] deposited single-crystal CMSX-4 on investment
cast single-crystal CMSX-4 that was dense and crack-free using SLE. The single-crystal deposit grew
epitaxially from the substrate to a height of 500 µm. The single-crystal deposit was discontinued at
the height of 500 µm because the direction changed from [001] to [100]. At higher levels, the grain,
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which was initially columnar, transitioned to equiaxed. Therefore, the maximum single-crystal height
achieved was 500 µm. Basak et al. [56] proposed that a single-crystal deposit height of 1000 µm could
be attained by controlling the process parameters. SLE was also utilized to deposit single-crystal Rene
N5 on a single-crystal Rene N5 substrate, which was oriented in [001] and [100]. A deposit height of
1000 µm was attained in both directions; a single-crystal was formed, and it reached a height of more
than 500 µm [57]. SLE was also employed to deposit dense Rene 142 [58]. Martin et al. [59] solved
the cracking problem during L-PBF manufacturing of Al 7075. Al 7075 is a nonweldable alloy that is
prone to solidification and liquation cracking, as are nickel-based superalloys with high γ′ content.
Nanoparticles of Zr nucleants were introduced electrostatically into the Al 7075 powder feedstock.
Using this approach, fine equiaxed grains were nucleated during L-PBF. The equiaxed grains tolerated
the strains that occurred during the last stage of solidification. Consequently, the equiaxed grains
were crack-free. Columnar grains were unable to withstand such strains, so they developed cracks.
L-PBF produces columnar grains that grow epitaxially across multiple layers in the build direction,
a phenomenon that will be discussed below. Cracks were found parallel to such grain boundaries
during L-PBF. Martin et al. [59] recommended a method similar to that used with Al 7075 to prevent
cracking during L-PBF manufacturing of γ′ nickel-based superalloys. This method requires matching
suitable nanoparticles to the nickel-based superalloy powder. Equiaxed grains were observed at the
top of a single track during the deposition of single track Alloy 247 on Alloy 718 [60].

4. Microstructure

4.1. Grain Structure

The direction of heat flow into the substrate strongly influences the grain structure of
L-PBF-manufactured γ′ nickel-based superalloys. A specific structure is observed in Inconel 939,
Alloy 247LC, and Inconel 738LC [29,34,61,62]. In a cross-section that is parallel to the build direction,
columnar grains that are oriented in the build direction and grow epitaxially across multiple layers
are typical. The growth direction is dictated by the competition between the maximum temperature
gradient and the preferred crystallographic direction [14]. This microstructure is similar to a DS
microstructure. Cross-sections of Alloy 247LC manufactured by L-PBF with Electro-Optical Systems
equipment (EOS GmbH, Krailling, Germany) using an energy density of 113.5 J/mm3 were investigated
by the present authors. Figure 10a displays the grain structure in the as-built condition along the
build direction. The melt pool lines can also be seen. Columnar grains are visible, and the shape
of the melt pool can be observed. In a section that is transverse to the build direction, the grain
structure displays an equiaxed structure, as shown in Figure 10b. These results demonstrate that
L-PBF-manufactured samples display anisotropy. Munoz-Moreno et al. [63] measured the bulk elastic
anisotropy of L-PBF of Alloy 247LC by resonant ultrasound spectroscopy (RUS) and ascertained that
the material was anisotropic. Sample properties vary depending on whether they are measured parallel
or transverse to the build direction. Such variations were investigated in [31,34,61,62,64], and the
results are discussed in Section 5. The grain sizes are small in L-PBF samples, as can be observed in
the L-PBF-manufactured Alloy 247LC shown in Figure 10a,b. Small grains occur because of the high
thermal gradient (G), and a fast solidification rate (R) [14] produces a high cooling rate that results in
a fine grain structure [13]. In a study performed by the present authors [65], the mean grain size of
L-PBF of Alloy 247LC was 7 µm in the x-y plane, which is transverse to the build direction. Although
columnar grains are typically observed in L-PBF, equiaxed grains can theoretically be produced by
optimizing the process parameters and scanning strategies to obtain the appropriate thermal gradient
and solidification rate for a columnar-to-equiaxed transition (CET). This is governed by the level of
constitutional supercooling, according to Equation (2) [66,67],

G
R
<

∆T
D

(2)



Metals 2020, 10, 996 14 of 26

where G is the thermal gradient; R is the solidification rate; ∆T is the solidification temperature range;
D is the diffusion coefficient. When G

R is sufficiently low, equiaxed grains are formed. A high value of
G is attained in L-PBF. Typically, in L-PBF, the G

R value is not sufficiently low to promote the high degree
of supercooling needed to form equiaxed grains. Instead, cellular or columnar grains, which require a
lower degree of supercooling, are formed [59,66,67]. Therefore, the conditions for forming equiaxed
grains are difficult to achieve by merely manipulating process parameters and scanning strategies.
Instead, inoculation is a viable alternative, as proposed by Martin et al. [59] because it introduces
nanoparticles that create nucleation sites around which equiaxed grains can form. However, near the
top of the deposit, local conditions (e.g., lower G values) can satisfy Equation (2) so that equiaxed
grains form without inoculation. Geiger et al. [68] described three different scanning strategies that
rotated the scanning direction in the subsequent layer. Applying these strategies changed the texture
of L-PBF-manufactured Inconel 738LC and influenced the Young’s modulus. The island scanning
strategy used by Carter [31] partially altered the formation of columnar grains; fine, equiaxed grains
formed between the boundaries of columnar grains. This bimodal grain structure was present when a
new layer was built because regions were formed between the columnar grain boundaries when the
island scans were moved by 1 mm (relative to the previous layer) along the x-y plane. The local cooling
conditions in the boundary regions facilitated the growth of fine equiaxed grains. These fine equiaxed
grains have high misorientation (i.e., grain boundary angle >15◦), which promotes DDC, according
to Carter. A high percentage of the columnar grain cores had low misorientation and displayed
lower crack density. Although high angle grain boundaries have been linked to cracking of L-PBF-
and EB-PBF-manufactured γ′ nickel-based superalloys, these studies attributed crack formation to
either solidification or liquation cracking, not DDC [32,39]. The propensity of high misorientation
boundaries to undergo solidification cracking is explained in the theoretical models proposed by
Rappaz et al. [69,70]. Carter’s argument and the correlation between high angle grain boundary and
DDC are based on the works of Collins et al. [71,72]. Several studies have revealed cell structures within
the grains of L-PBF-manufactured γ′ nickel-based superalloys (by SEM using a higher magnification
than that typically used to observe grains) [29,31,47,61,63,65]. These studies are discussed in more
detail in the following section.
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to those found in cast materials, have been detected in L-PBF-manufactured samples [29,34,47,62]. In L-
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Figure 10. Scanning electron microscope (SEM) images of L-PBF-manufactured Alloy 247LC:
(a) elongated columnar grains along the build direction; (b) equiaxed grains transverse to the build
direction. The images were taken in the secondary electron mode.

4.2. Phases in L-PBF Microstructure

The phases obtained during L-PBF manufacturing are important for predicting mechanical
properties, and they play a vital role in the formation of cracks. The thermal cycle, including the
solidification mode, influences the phase formation and the corresponding constituents. The L-PBF
process involves exceptionally rapid heating and cooling, which is unlike that obtained with casting.
However, the microstructure of cast γ′ nickel-based superalloys have been extensively studied and can
serve as starting points defining expectations for L-PBF-manufactured alloys. The microstructure of cast
γ′ nickel-based superalloys, (e.g., Alloy 247), as characterized by Liao et al. [73] and Mostafaei et al. [74],
consists of γ, γ′, and carbides. The microstructure component γ/γ′ eutectic was also present.
These phases and components were characterized in early studies of cast alloys [5] and are also
present in cast Inconel 738 [75]. Few works have investigated L-PBF of γ′ nickel-based superalloys;
consequently, elucidating the microstructure is at an early stage. However, γ, γ′, and γ/γ′ eutectic
and carbides, similar to those found in cast materials, have been detected in L-PBF-manufactured
samples [29,34,47,62]. In L-PBF of Alloy 247, γ, γ′, and γ/γ′ eutectic and carbides were reported [47].

Kunze et al. [62] did not detect γ′ in L-PBF-manufactured Inconel 738LC in the as-built condition
when observed using SEM; however, after heat treatment (HT), dual-size γ′ precipitates with cuboidal
or irregular shapes were found. This γ′ morphology was similar to that found in the as-cast material.
Discrete fine carbides were found in the as-built and HT L-PBF-manufactured materials; however,
fewer and smaller carbides were detected in the as-built material. Carbides that precipitated in
the as-cast material were found in the grain boundaries. Rickenbacher et al. [34] also investigated
L-PBF of Inconel 738LC and failed to find γ′ in the as-built material. Only after HT was γ′ observed,
which agrees with the findings of Kunze et al. [62]. Rickenbacher [34] explained that the microstructure
after solution and aging HT consists of unimodal γ′. However, adding hot isostatic pressing (HIP)
before the HT changed the unimodal γ′ to dual-size. The HT implemented by Kunze et al. that
reported dual-size γ′ included HIP, as well as solution and aging. Divya et al. [29] studied L-PBF
of Alloy 247LC and found that in the as-built material, the microstructure exhibited cell structures
with bright microconstituents located between cells. The microconstituents were shown to be oxides
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and carbides. The oxides were Hf- and Al-rich, and they originated directly from the powder or
from the powder that reacted with the atmosphere during L-PBF. Microconstituents between cells
were rich in Ti, Hf, Ta, Mo, and W, suggesting that the carbides were MC-type carbides. Figure 11
displays micrographs of L-PBF-manufactured Alloy 247 LC that was studied by the present authors.
The micrograph of the as-built material reveals the presence of cell structures with many bright
microconstituents between cells. Such cell structures, having similar microconstituents between cells,
were reported in Wang et al. [47]. The cell boundaries displayed higher dislocation densities than
the cell centers [47]. During solidification in the L-PBF process, cells with low misorientation are
formed. If the misorientation of the cell boundary is higher than that of the cell, it is called a grain
boundary. These boundaries (e.g., cell and grain boundaries) consist of solidified eutectic liquid and
microconstituents. The microconstituents in these boundaries obstruct the movement of dislocations
(as discussed previously, these dislocations are a consequence of the high stress induced by the L-PBF
process), thereby increasing the dislocation density, which may aggravate cracking [47].
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Figure 11. As-built L-PBF-manufactured Alloy 247LC containing cell structures with bright
microconstituents in the cell boundaries. The image was taken in the backscattered electron mode in
the SEM.

Transmission electron microscopy (TEM) observation revealed bimodal γ′ precipitates [29].
These precipitates were either inside or between cells and 5 or 50 nm in size, respectively. Wang et al. [47]
demonstrated that γ/γ′ eutectic was present between cells. Furthermore, Hf-, W-, Ti-, and Ta-rich
microconstituents were found between cells. These cell boundary constituents resulted from
partitioning of elements during solidification. In addition, the microconstituents contained C or O,
which agreed with the findings of Divya et al. Rapid heating of a previously deposited layer or substrate
by a top layer can cause melting of γ/γ′ eutectic and carbides and cause cracks to initiate from the lower
layer or substrate. Such cracks were observed originating from a DS Inconel 738 substrate during L-PBF
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manufacturing of Inconel 738 [25]. The γ′ precipitates in the cell center were <20 nm. The cooling
rate during solidification was 106 K/s. No γ′ was observed in the as-built L-PBF-manufactured
material in SEM analyses performed by Kunze et al. and Rickenbacher et al. However, additional
evidence that γ′ precipitates in the nanometer scale are present has been reported by Divya et al. and
Wang et al. Therefore, high-spatial-resolution microscopy studies are required to detect γ′. The size of
γ′ precipitates depends on the cooling rate, as reported in [76–78]. Chen and Xue [79] claimed that
a high cooling rate suppresses γ′ precipitation in L-PBF-manufactured Inconel 738. A high cooling
rate leads to more precipitates that are finer. As was discussed in Section 2.2, extremely high cooling
rates are obtainable with L-PBF. Among the alloys discussed above, Alloy 247LC and Inconel 738LC
have high volume fractions of γ′ and fast γ′ precipitation kinetics, as shown in Figure 12a, which is
a time-temperature-transformation (TTT) diagram modeled in JMatPro thermodynamic software.
The TTT diagram shows that γ′ precipitates form in less than 1 s and 2 s in Alloy 247LC and Inconel
738LC, respectively. Nimonic 263 has a lower volume fraction and slower precipitation kinetics of
γ′, as seen from the Al + Ti composition and the TTT diagram in Figure 12b. Nimonic 263 is used at
a temperature of approximately 500 ◦C. Vilaro et al. [80] used SEM to observe the microstructure of
L-PBF-manufactured Nimonic 263 and reported a cell size of approximately 500 nm. The MC-type
carbides observed between cells were rich in Ti. TEM did not reveal γ′. Vilaro et al. asserted that
γ′ was not precipitated due to the rapid cooling rate in the L-PBF process. A fast cooling rate will
influence γ′ precipitation, but Nimonic 263 typically has a relatively slow γ′ precipitation kinetics that
may delay its precipitation during L-PBF processing. Alloy 247LC has a fast γ′ precipitation kinetics,
as previously stated; additional JMatPro modeling results of Alloy 247LC are shown in Reference [65].
The difference in precipitation kinetics may be why γ′ is observed in Alloy 247LC (fast precipitation)
and not observed in Nimonic 263 (slow precipitation). The TTT diagram of Figure 12b shows that γ′ is
not precipitated in Nimonic 263 until after 3000 s. TEM revealed that both alloys have high dislocation
densities, and dislocation density contributes to hardness [47,80].
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modeled in JMatPro, showing the precipitation of 0.5% γ′. Both alloys display fast precipitation kinetics;
(b) TTT diagram of Nimonic 263, modeled in JMatPro, indicating slow precipitation of 0.5% γ′.

4.3. Influence of the Thermal Cycle on Microstructure Evolution

In Section 2.2, it was noted that the thermal cycle in L-PBF processes is location-dependent.
For example, in a layer-by-layer deposition process, the first layer deposited will be thermally affected
by subsequent layers. Consequently, possible changes in the microstructure from successive deposition
in the z-direction need to be investigated. Wang et al. [47] compared the microstructure of the top
surface of an L-PBF-manufactured Alloy 247LC cube sample with the microstructure of the bulk
sample. In addition, a single track was manufactured to compare its microstructure with those of
the top surface and bulk of the cube sample. The samples were fabricated with a laser power of
150 W and a scan speed of 1500 mm/s. The microstructures of the top surface and bulk were similar.
However, the single track displayed lack-of-fusion voids in some regions. Element partitioning to
regions between cells was observed in the top surface, bulk sample, and single track. The degree of
partitioning in the single track was lower than in the top surface or bulk sample. The top surface
and bulk sample exhibited similar γ′ size distributions with a high fraction of precipitates <10 nm;
the single track displayed a high fraction of γ′ precipitates >10 nm. The thermal cycles experienced in
the cube samples altered the size of γ′ precipitates. Chauvet et al. [39] measured the γ′ size gradient
along the z-axis in EB-PBF-manufactured material and observed that γ′ size increased from top to the
bottom in the cube sample. At z-heights of 29, 25, and 5 mm, the γ′ precipitates were approximately
100, 500, and 600 nm, respectively. The hardness of the top layer was 490 HV at a z-height of 29 mm;
between 0 and 27 mm, the hardness was 400 HV. Hardness measurements tend to be uniform at a
given height but can vary where cracks and pores are found. Larger γ′ and lower hardness levels
could be due to γ′ coarsening from prolonged aging treatment by the heated substrate [81]. In L-PBF
processes, there is no preheating, so this type of lower layer coarsening may not occur. However, lower
layers in both EB-PBF and L-PBF processes are subject to HT from subsequently deposited layers that
will influence γ′ behavior. It is not clear why the γ′ distribution in the single track in [70] had a higher
fraction of larger γ′ precipitates than in the cube samples. No layers were deposited over the single
track, making the occurrence of γ′ coarsening unlikely. One reason for the bigger size of γ′ in the
single track might be that γ′ precipitates formed from the eutectic between cells during solidification.
The size of eutectic γ′ precipitates was larger than the γ′ precipitates in cell centers that were formed
by solid-state precipitation.



Metals 2020, 10, 996 19 of 26

4.4. Role of Other Microconstituents

The role of oxides in causing cracks was investigated by Qiu et al. [82] with Al-, Si-, and W-based
oxide particles that have high melting points. Qui et al. proposed that during L-PBF manufacturing of
Inconel 738LC, the cause of cracking was less associated with the element and more associated with the
melting point of the oxides, and high melting point oxides cause cracks. The findings revealed that large
and elongated Al2O3, discrete spherical oxides containing W and Si, and loosely bonded oxide clusters
containing W and Si were around cracks that formed along grain boundaries [82]. Nanoindentation
measurements were 8–9.5 GPa along these grain boundaries, but 2 GPa in the matrix. Qui et al.
associated the high hardness at the grain boundaries with the presence of oxides and proposed that
this caused grain boundary embrittlement. During solidification, oxides are the first to nucleate in the
liquid, followed by γ. Solidification contraction and thermal shrinkage between the interface of oxide
clusters and the γ precipitates cause cracks to form. Cracking may also occur along the centerline of
the oxides or the embrittled grain boundary. Cracked grain boundaries were populated with small,
sometimes equiaxed grains. Some cracks initiated from lack-of-fusion defects, probably due to higher
concentrations of stress around the pores. Such cracks were found in L-PBF-manufactured Alloy 247LC
investigated by the present authors. An exemplary electron backscatter diffraction (EBSD) micrograph
that displays a crack initiated by a lack-of-fusion pore is shown in Figure 13. Small equiaxed grains
between larger columnar grains are also seen in the figure.
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Figure 13. EBSD micrograph of an L-PBF-manufactured Alloy 247LC showing a crack initiated by a
lack-of-fusion, which is surrounded by equiaxed and columnar grains.

Preventing oxidation during L-PBF manufacturing of nickel-based superalloys is challenging.
Inert gases of high grade and purity should be used in the process. However, even when such gases
are used, the oxygen equilibrium partial pressure in the inert gas at the melting point of some elements
in the alloy is still higher than the threshold required to prevent oxidation [83].
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5. Mechanical Properties and Performance

Carter [31] performed creep tests on L-PBF-manufactured Alloy 247LC material. The tests were
conducted at 1050 ◦C; a load of 100 MPa was applied during HT, and HIP was also used in combination
with other HTs. The creep tests included vertical and horizontal build orientations for each of the
processing conditions. Results indicated that a tertiary creep mechanism was predominant under all
conditions tested, and the creep tests revealed anisotropy. The vertically built specimens had higher
creep strength than horizontally built specimens. The reason for this may be because the creep load was
perpendicular to the grain boundary cracks in the horizontally built specimens but parallel to the grain
boundary cracks in the vertically built specimens. Thus, the load is more effective in causing failure in
the horizontally built samples. Recall from Section 3.2 that cracks are found in the grain boundaries and
the grain boundaries follow the build direction. The creep performance of plates that were manufactured
at a 30◦ tilt was inferior to that of vertically built plates [84]. This may be because of the reason given
above. In addition, grains in the vertically built plates were larger and had lower grain boundary
density, so they resisted creep better than the horizontally built and tilted plates. Adding HIP to the
materials improved creep strength. The creep life of 9.6 h reported for the L-PBF-manufactured material
was significantly less than the corresponding creep life of 236 h predicted by the Larsson-Miller index
using identical test parameters. Carter attributed the poor creep performance to the presence of defects,
inferior grain structures, and high test temperatures. However, the inferior creep performance raises
questions about the suitability of L-PBF-manufactured Alloy 247LC for high-temperature applications.
However, more tests are required to validate these results, especially at lower temperatures where
the dissolution of γ′ is not at risk. The creep performance of L-PBF-manufactured Inconel 738LC
material in tests performed by Kunze et al. [62] and Rickenbaucher et al. [34] indicated that the creep
rupture strength for vertically built material was close to that of cast material in the lower scatter range
values. In contrast, horizontally built samples had inferior creep performance. The effect of anisotropy
was also evident. Long columnar grains in the vertically built samples were aligned in the loading
direction; hence, they resist creep better than the horizontally built samples, whose grains are aligned
perpendicular to the loading direction [62]. The grain sizes and precipitates in the L-PBF-manufactured
samples were smaller relative to those in cast samples and could also be responsible for the inferior
creep in L-PBF-manufactured materials.

Chen et al. [64] performed tensile tests on L-PBF-manufactured K418 in vertical and horizontal
build orientations to investigate the influence of anisotropy on tensile properties. Vertically built
specimens exhibited slightly higher ultimate tensile strength (UTS) and slightly lower yield strength
than horizontally built specimens. The horizontally built specimens of L-PBF-manufactured Inconel
738LC displayed higher UTS and Young’s modulus than the vertically built samples and a proof
stress of 0.2% [34,62]. This trend was also seen for Haynes 230 during depositions in the high energy
input range [85]. The vertically built specimens displayed better ductility than the horizontally
built samples [34,64]. Chen et al. [64] stated that the stress applied to the horizontally built samples
was perpendicular to the columnar grains; hence, it caused grain delamination. However, in the
vertically built samples, the stress applied is parallel to the columnar grains, resulting in better ductility.
The grain size was smaller in horizontally built samples, resulting in higher yield strength. Horizontally
built samples are expected to have a larger area close to the substrate than vertically built samples.
Consequently, the cooling rates are higher in horizontally built samples, yielding finer grains. The yield
strength of L-PBF-manufactured K418 was superior to that of cast K418. A similar trend is seen
in [34,62]. This trend is expected because of the finer grain size seen in L-PBF-manufactured materials.
As discussed in Section 4 and shown in Figure 9a,b, the grain size of L-PBF-manufactured Alloy 247LC
is small. Yield strength is related to grain size. According to the Hall-Petch relation, yield strength is
inversely proportional to the square root of grain diameter.
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6. Summary

Given the high thermal gradients, residual stress, and susceptibility of γ′ nickel-based superalloys
to weld cracking, it is not surprising that these alloys crack during L-PBF processing. Currently,
studies have demonstrated several relationships between process parameters, powder properties,
alloy metallurgy, and defects. However, the number of studies is low; therefore, further studies must
be conducted.

Similarly, additional investigation into the mechanism of cracking in L-PBF-manufactured
materials is also required. More evidence is needed to fully characterize solidification-type cracking
and differentiate it from liquation cracking because each mechanism requires the presence of liquid
films. Thermal gradients and cycling in L-PBF layers, as well as their subsequent effects on cracks
and microstructure, can be studied in detail by experimenting with single tracks or in samples with
varying numbers of layers. Liquation cracking may be revealed in the thermally treated lower layers
of single tracks. The solid-state cracking mechanism of SAC scenarios can also be revealed in such
investigations. The effect of thermal treatment on a solidified layer by a subsequent layer can be
observed more easily in single tracks than in cubes.

Further investigation should be done to identify the contributions of different elements in widening
the CTR and characterize the segregation of such elements between cells during L-PBF manufacturing.
The elements present in crack boundaries should also be identified. It should be possible to identify
which elements influence cracking. Such knowledge is important for developing alloy compositions that
eliminate cracking while retaining acceptable microstructures and material properties. One challenge
is that critical microstructural details are in the nanometer range; therefore, such studies will require
advanced microscopy techniques (for example high-resolution TEM) and energy dispersive X-ray
(EDX) analyses. The addition of nanoparticles to γ′ nickel-based superalloy powders to induce
equiaxed grains, similar to the approach used with Al 7075, should also be investigated in more detail.
Technical improvements in L-PBF equipment that preheat the powder bed and reduce residual stress
may improve crack resistance. The observations in SLE implies that nickel-based superalloys with a
high volume fraction of γ′ can be processed crack-free. However, the properties of the processed parts
should be tested to ensure that they meet the requirements. Analyses obtained from the literature
suggest that oxides are present between cells. Such oxides can cause cracking or deteriorate the
mechanical properties and ought to be studied in more detail. Ultimately, the crystal structure and
lattice parameters must be investigated to identify these oxides. Inert gases of high purity should be
used during L-PBF to ensure that the partial pressure of oxygen remains below the threshold required
for oxidation of susceptible elements. In addition, powder quality should be improved to limit the
amount of Si and other trace elements.

The main findings of this review can be summarized as follows:

• There remains an industrial requirement to optimize L-PBF process parameters for
γ′-strengthened superalloys.

• Complex heat transfer mechanisms, including conduction, convection, and radiation, are characteristics
of L-PBF processes.

• High thermal gradients, fast cooling rates, and spatial variation of thermal cycles influence the
microstructure of the formed materials.

• L-PBF-manufactured γ′ nickel-based superalloys are prone to defects such as cracks, spherical
pores, and lack-of-fusion voids.

• Solidification, liquation, SAC, and DDC are known cracking mechanisms in the welding
of γ′ nickel-based superalloys; such cracking mechanisms also occur during L-PBF of γ′

nickel-based superalloys.
• L-PBF process parameters, including scanning strategies (patterns) and powder properties,

strongly influence defect formation. The presence of Si in the powder increases cracking density.
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• For solidification cracking to occur, prerequisites include the presence of liquid films, a wide
critical temperature range (CTR), and the presence of residual stress. Segregating elements,
such as Zr or B, could cause liquid films to be present in grain boundaries at low temperatures.
Scheil-Gulliver thermodynamic plots can identify the CTR.

• The microstructures of L-PBF-manufactured γ′ nickel-based superalloys have constituents that
are also found in the corresponding cast alloys. The γ, γ′, and γ/γ′ eutectic and carbides detected
in L-PBF materials are important phases and microstructure components.

• Cell structures within grains can be characteristic of the microstructure, and enrichment of Ti, Hf,
Ta, Mo, and W between cells has been observed.

• The size of γ′ precipitates becomes finer at high cooling rates and may not be observable in
as-built L-PBF samples because of their small size. High-resolution electron microscopy analysis,
for example TEM, can detect γ′ precipitates at the nanometer scale.

• Vertically built L-PBF samples have creep characteristics that are superior to those of horizontally
built samples. However, the creep of cast samples outperforms L-PBF samples because L-PBF
samples contain defects or because the grains and precipitates are smaller. Tensile tests also display
anisotropy, and yield strength is generally better in horizontal-built specimens than in vertical-built
specimens. L-PBF-manufactured samples display better yield strength than equivalent cast
materials, and this is linked to the smaller grain sizes in L-PBF-manufactured samples.
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Processability of Laser Powder Bed Fusion 
of Alloy 247LC- Influence of process 
parameters on microstructure and defects
This thesis is about laser powder bed fusion (L-PBF) of the nickel-based superalloy: 
Alloy 247LC. Alloy 247LC is used mainly in gas turbine blades; processing the blades 
with L-PBF offers the possibility of better performance than the blades manufactured 
with conventional methods. This is mainly because L-PBF is more suitable, than 
conventional methods, for manufacturing the complex cooling holes in the blades. 
The research was motivated by the need for academia and industry to gain knowledge 
about the processability of the alloy using L-PBF. The knowledge is essential in order to 
eventually solve the problem of cracking experienced during manufacturing. In addition, 
dense parts with low void content should be manufactured and the parts should acquire 
the required microstructure and properties. Thus, the thesis addressed these crucial 
questions on processability. 
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