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Abstract: This paper reviews state of the art laser powder bed fusion (L-PBF) manufacturing
of γ′ nickel-based superalloys. L-PBF resembles welding; therefore, weld-cracking mechanisms,
such as solidification, liquation, strain age, and ductility-dip cracking, may occur during L-PBF
manufacturing. Spherical pores and lack-of-fusion voids are other defects that may occur in
γ′-strengthened nickel-based superalloys manufactured with L-PBF. There is a correlation between
defect formation and the process parameters used in the L-PBF process. Prerequisites for solidification
cracking include nonequilibrium solidification due to segregating elements, the presence of liquid
film between cells, a wide critical temperature range, and the presence of thermal or residual stress.
These prerequisites are present in L-PBF processes. The phases found in L-PBF-manufactured
γ′-strengthened superalloys closely resemble those of the equivalent cast materials, where γ, γ′,
and γ/γ′ eutectic and carbides are typically present in the microstructure. Additionally, the sizes of
the γ′ particles are small in as-built L-PBF materials because of the high cooling rate. Furthermore,
the creep performance of L-PBF-manufactured materials is inferior to that of cast material because of
the presence of defects and the small grain size in the L-PBF materials; however, some vertically built
L-PBF materials have demonstrated creep properties that are close to those of cast materials.

Keywords: laser powder bed fusion; nickel-based superalloy; microstructure; defects; cracks

1. Introduction

The quest for higher efficiency jet engines and land-based gas turbines has necessitated the use of
materials that can withstand the mechanical stress of operating at extremely high temperatures [1].
Nickel-based superalloys are suitable for turbine blade applications where they confer resistance to creep,
fatigue, and oxidation and protect against corrosion [1]. Although additional creep resistance benefits
can be gained with γ′ nickel-based superalloys, they come at the cost of processability. For superalloy
development, mechanical properties must be balanced with processability [2]. An example of a
processing difficulty is that alloys with a high volume fraction of γ′ are susceptible to cracking during
welding. Weldability is attributed to the content of Al and Ti. When the Al + Ti content exceeds
approximately 4.5 wt.%, the alloy is considered to be nonweldable [3]. Table 1 displays the composition
of Alloy 247LC (where “LC” means “low carbon”), one of the alloys reviewed in this paper. The Al + Ti
content is 6.3 wt.%, placing this material into the nonweldable range according to [3]. Similarly, Alloy
247, Inconel 738LC, and 939 are also in the nonweldable range (Table 1). The Al + Ti content of Waspaloy
is 4.2 wt.%; therefore, it is weldable, according to [3]. Laser powder bed fusion (L-PBF) is of interest for
the manufacture of turbine blades using γ′-strengthened nickel-based superalloys. Turbine blades have
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intricate designs with internal cooling channels and geometrical constraints that L-PBF is adequately
suited to address. Such geometry can be difficult, or even impossible, to achieve by conventional
manufacturing [4]. For example, the processing of turbine blades from Alloy 247 has historically been
challenging [5]. L-PBF has demonstrated potential in such applications. However, processability
challenges with γ′ are similar to those that occur in welding. In this paper, processability is discussed
from the perspective of producing parts that are defect-free and have suitable microstructural and
mechanical properties. A search of literature published from the year 2000 to the present, displayed in
Figure 1, yielded few publications on powder bed fusion (PBF; using laser and electron beam energy
sources) of superalloys. In comparison, publications on PBF or superalloys are numerous. A search
for publications on PBF with γ′ nickel-based superalloys produced so few results that their presence
is barely evident in the chart. After a detailed search, 36 publications where L-PBF was used to
manufacture γ′ nickel-based superalloys were found. These superalloys were reviewed in the present
work and their nominal compositions are listed in Table 1. Despite the high-temperature strength of
γ′ superalloys and the importance of their potential applications, the problems encountered during
processing may be responsible for the paucity of publications to date. Most publications on PBF of
superalloys involve Alloy 718, as seen in the bottom of Figure 1. Alloy 718 is primarily strengthened
by γ” (therefore, Alloy 718 is not reviewed in this paper) and is relatively easy to process [6].

Table 1. Nominal compositions (wt.%) of γ′-strengthened nickel-based superalloys [1,3,5,7].

Alloy C Cr Ni Co Mo W Ta Ti Al B Zr Hf Nb Fe

247 0.15 8.4 balance 10 0.7 10 3 1 5.5 0.015 0.05 1.5 - -

247LC 0.07 8.1 balance 9.2 0.5 9.5 3.2 0.7 5.6 0.015 0.015 1.4 - -

738LC * 0.11 16 61 8.5 1.7 2.6 1.7 3.4 3.4 0.010 0.05 - 0.9 -

939 ** 0.15 22.5 48 19 - 2 1.4 3.7 1.9 0.009 0.09 - 1 -

Waspaloy 0.07 19.5 57.5 13.5 4.2 - - 3 1.2 0.005 0.09 - - 1

100 *** 0.18 10 60.5 15 3 - - 5 5.5 0.01 0.06 - - -

Rene 80 0.17 14 60 9.5 4 4 - 5 3 0.015 0.03 - - -

CMSX-4 6.5 balance 9.7 0.4 6.4 6.5 1 5.6 Re 3

Haynes 230 0.1 22 57 - 2 14 - - 0.3 - - Mn 0.5 Si 0.4 -

Nimonic 263 0.06 20 51 20 5.9 - - 2.1 0.5 0.001 0.02 Mn 0.4 Si 0.3 -

* Inconel 738LC; ** Inconel 939; *** Inconel 100.
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2. Laser Powder Bed Fusion

2.1. Overview

L-PBF belongs to a class of additive manufacturing (AM) processes called “powder bed fusion” [8].
A laser beam melts a thin layer of powder on the surface of a substrate or a previously formed powder
layer. The melting is performed such that single tracks are formed on each layer in a predefined
pattern. Successive layers are melted vertically, forming the required part. The densification and
properties of the part depend on single tracks and layer-by-layer formation [9,10]. The thermal history
of a single track, the microstructure, and subsequent part properties are governed by several process
parameters, including scan speed, power, and hatch distance. Optimized process parameters are
required to produce acceptable parts [8]. In industry, knowledge of the process parameters and
material interactions is needed to fabricate parts with the required properties. Navrotsky et al. [4]
postulated that such knowledge is not readily available. The processing window is limited, and
optimization is difficult to achieve [10]. Hence, the industrial capability for processing materials with
AM is limited by the lack of process parameter knowledge. Adequate process parameter knowledge
ensures that AM processes are optimized in terms of speed, tolerances/surfaces, and strength so that
the industrial quality standards for these materials are achieved [4]. To understand the influence of
different process parameters on the L-PBF process, a term that encompasses the combined effects of
vital process parameters into one measurable unit is “energy density,” which has been employed in
many studies [11–13]. The energy density equation is as follows:

Laser Power (J/s)

Scan speed (mm)
s × hatch distance (mm) × layer thickness (mm)

(1)

2.2. Heat Source and Material Interaction in the L-PBF Process

The chosen process parameters contribute to the amount and manner of heat transfer during
the laser scanning process. Laser melting occurs by different heat transfer mechanisms and material
physics. The transfer of energy from the laser photon electromagnetic field to free electrons during the
scanning process and, ultimately, to other electrons and lattice defects in the powder was explained by
Yadroitsev [9]. A typical powder bed consists of solid powder particles in contact with each other. Air or
protective gas can exist between powder particles. After interacting with the laser, the solid particles
become molten. Heat is transferred through all phases (liquid, solid, and gas) by a combination of
radiation, conduction, and convection.

High thermal gradients are involved in L-PBF manufacturing and influence the resulting
microstructures and properties of the built materials. This relationship is well known in welding.
Debroy et al. [14] compared AM processes to welding and reported that a melt pool following the
direction of a traveling heat source is a characteristic of both AM and welding. The thermal cycles
differ spatially, and these differences influence the microstructure and subsequent properties achieved.
The microstructure is inhomogeneous and depends on the thermal cycles that are operating at each
location. The melt pool is typically smaller in L-PBF relative to welding; this explains why it is difficult
to slow the cooling rate in L-PBF processes. For example, some reports indicate that typical cooling
rates during laser welding are 102–106 K/s [15], whereas those during L-PBF are 106–108 K/s [16].
Welding also differs from L-PBF in terms of interaction materials; solid metals are used for welding,
and powder is used for L-PBF processes [14]. This distinction influences the characteristics of the
thermal cycles in L-PBF because the conductivity of powder is lower than that of the solid substrate.
This is illustrated by the temperature profiles of single tracks that are melted on a substrate and a
powder bed displayed in Figure 2 [17]. The solid substrate conducts heat much faster than the powder
bed. Therefore, the cooling rate near the substrate is faster than it is higher in the build because heat is
more readily released into the substrate. When successive single tracks are melted, the temperature
distribution can be described according to the example displayed in Figure 3. A simulation placed five
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single tracks (10 mm) side-by-side with a hatch distance of 75 µm [17]. The melting point is indicated
by Tmelt. Let point “X” be the start of the melting of the single Track 2 after the single Track 1 was
melted. Temperature measurements at a point “X” in the melting of the single Track 2 indicate that
temperature is at its peak. This is followed by rapid cooling as the melting of the track progresses and
the temperature at point “X” drops to its lowest value when the laser is at the end of the track. As time
progresses and as the melting of subsequent single tracks (Tracks 3, 4, and 5) ensues, position “X” is
subjected to similar temperature cycles, albeit with lower temperature peaks. Such temperature peaks
may be above or below the melting temperature. Similar profiles are followed by the temperature
measurements at the start of Tracks 1, 3, 4, and 5. The implication is that the microstructure formed
in the initial melt is transformed by reheating [14]. In summary, high thermal gradients, fast cooling
rates, and spatially variable thermal cycles are distinctive characteristics of AM processes. These data
confirm that complex microstructures form and influence the final properties of parts that are fabricated
with L-PBF.
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3. Defects Occurring from L-PBF of γ′ Nickel-Based Superalloys

3.1. Overview of Cracking and Porosity

For γ′ nickel-based superalloys, cracks are expected to be the predominant defect during L-PBF
processing as in welding. Cracking causes adverse consequences because it decreases the dimensional
accuracy, ductility, and strength of the AM components [18]. The cracking phenomena that occur in the
welding of γ′ nickel-based-superalloys are different; however, the underlying mechanisms are likely to
occur during L-PBF. Cracking mechanisms include the following:

Solidification cracking: This cracking occurs in the mushy zone of the solidifying melt pool [19,20].
Cracking is attributed to the presence of a liquid film in the last solidifying melt pool and residual
stress. Susceptibility to solidification cracking increases as the range of solidification temperature
widens. Different theories, such as Pellini’s strain theory, the shrinkage-brittleness theory, and Borland’s
generalized theory, have been used to explain this cracking mechanism [21–23]. Several metallurgical
factors influence susceptibility to solidification cracking, including the amount of liquid and its
distribution, primary solidification mode, the surface tension of the grain boundary liquid, and grain
structure [6].

Liquation cracking: Unlike solidification cracking, liquation cracking occurs in the heat-affected
zone outside the melt pool [24]. This zone is exposed to a temperature less than the liquidus temperature
of the base metal but high enough to cause local melting of the grain boundary constituents [6,25–27].
This exposure reduces ductility, which, coupled with stress, can lead to cracking. The propensity for
liquation cracking decreases as heat input decreases.

Strain age cracking (SAC): Postweld heat treatment (PWHT) plays a dual role in restoring the
microstructure and inducing stress relief. When stress relief occurs in conjunction with precipitation
hardening, high strain levels are induced that lead to cracking [6]. Precipitation hardening is associated
with reduced ductility, which aggravates SAC. This mechanism is also observed during repair welding.

Ductility-dip cracking (DDC): This is similar to SAC [28]; however, a decrease in ductility is not a
result of precipitation hardening; instead, it occurs because of the intense strain concentration at grain
boundary triple points caused by grain boundary sliding. DDC occurs at temperatures below the
solidus temperature [19].

Different types of pores exist in L-PBF components. They are described in the following:
Spherical pore: This type of pore is associated with the powder material, where a gas atomization

process introduces a pore. The ability to produce highly dense parts is jeopardized if the quality of the
powder is poor. Divya et al. [29] attributed the porosity that is observed in L-PBF of Alloy 247LC to
entrapped gases that are released during melting. Pores can also form when shielding gas is trapped
in the powder [14]. Pores due to entrapped gases are typically spherical in shape.

Lack-of-fusion: These are voids found in L-PBF components and are due to low energy input to
the process. These voids occur because a new layer fails to bond correctly with the previously formed
layer or substrate [14]. Low energy melts only a small amount of liquid, which has poor wettability [30].
Lack-of-fusion voids have a higher aspect ratio compared with gas pores and may have sharp edges.
Micrographs of as-built samples of L-PBF-manufactured Alloy 247LC studied by the present authors
are presented in Figure 4 and display pores and lack-of-fusion voids. In the light microscopy (LM)
micrograph in Figure 4a, a spherical gas pore and lack-of-fusion defect are indicated.

Keyhole pore: This type of pores is also commonly observed in AM. Keyhole pores arise because
of instability during high power density processing, which is typical in keyhole mode operations. Such
instability may collapse the keyhole and form a pore [14].
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3.2. Influence of Process Parameters on Cracking and Porosity

Cracks found in L-PBF γ′ nickel-based superalloys are related to the energy density. Figure 4b
displays a crack that was observed with scanning electron microscopy (SEM). The crack is along a
grain boundary parallel to the build direction. The effect of energy density on the densification of
L-PBF manufactured parts is similar among nickel-based superalloys because their compositions
are similar, and they exhibit similar laser absorption, reflectivity, and conductivity [12]. A study
was undertaken to investigate the effects of energy density on densification and crack propensity
after L-PBF of nickel-based superalloys. The nickel-based superalloys investigated included Alloy
247LC and CMSX 486. An energy density of 85 J/mm3 was determined as the threshold level where
full densification occurred (densification was calculated by subtracting the percent porosity from
100%) [13]. This energy density value can be used as a guide when choosing possible process windows
in optimization studies. Earlier work by Carter [31] evaluated the effects of process parameters on
crack density and porosity of Alloy 247LC. Cuboidal samples (10 mm × 10 mm × 10 mm) were
manufactured with Concept Laser M2 equipment (Concept Laser, Lichtenfels, Germany) using power
values ranging from 150 to 200 W, scanning speeds ranging from 400 to 2000 mm/s, and dimensionless
hatch distance values ranging from 0.2 to 0.53. When cracks and porosity were characterized in vertical
sections, a trend of decreasing crack density with increasing scanning speed or decreasing power
was observed. An increase in scanning speed or a decrease in power corresponds to a decrease in
energy density (refer to Equation (1)). The study determined that the mechanism of cracking and pore
type correlated with energy density input. At high energy density input, solidification cracks and
rough pores appeared because the high energy density vaporized certain elements. At medium energy
density input, cracking appeared to be due to DDC or liquation cracking, and the pores were smoother.
At low energy density input, lack-of-fusion defects were observed. The small hatch distance reduced
the porosity but increased the cracking. A small hatch distance increases the energy density, as seen in
Equation (1). The “optimal” process parameters, which caused the least number of cracks, were at
a scanning speed, laser power, and an absolute dimensionless hatch distance of 1500 mm/s, 150 W,
and 0.2, respectively [31]. The influence of process parameters on the porosity and cracking density
in CMX 486 showed trends similar to those seen in Alloy 247LC [31]. These studies each concluded
that it was impossible to eliminate cracks at the investigated process parameters. As highlighted
earlier, Alloy 247LC is considered to be a nonweldable alloy; therefore, it is not surprising that
the L-PBF-manufactured material contained cracks at the investigated process parameters. Process
parameter optimization alone may not eliminate cracks [19]. Lippold [19] stated that the metallurgical
properties of an alloy also influence cracking. Therefore, investigation of the metallurgical properties of
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the alloys was recommended to identify the root cause of the cracks. Such a metallurgical investigation
of the effects of segregated elements and the solidification temperature range on cracking was conducted
by Cloots et al. [32] and is discussed in Section 3.6. Instead of merely optimizing process parameters,
finding a solution to cracking and pore formation should also include alloy modification. Cloots et al.
also investigated the effect of process parameters on cracking in L-PBF of Inconel 738LC. An increase
in scanning speed decreased the crack density; however, it led to an increase in the total porosity.
This observation agrees with research done by Carter [31]. In the Cloots et al. study, evidence suggested
that solidification cracking was the predominant cracking mechanism. Cracks were primarily observed
in large-angle grain boundaries parallel to the build direction (i.e., the x-z plane) and reached 100 µm
in length. In the plane parallel to the laser scans (i.e., the x-y plane), cracks were transverse to the
plane of laser movement. Perevoshchikova et al. [33] achieved <0.5% porosity and decreased the
number of microcracks by using a medium scanning speed and small hatch spacing parameters in
L-PBF of Inconel 738LC. A high scanning speed produced lack-of-fusion defects between the melted
track and the layer beneath. A large hatch spacing also produced lack-of-fusion defects. L-PBF of
Alloy 247LC was researched by Divya et al. [29] and revealed that pores ranging from 0.5 to 20 µm
occupied 0.013% of the sampled area. This study demonstrated that cracks along cell boundaries
were prevalent. Although Carter [31] proposed that DDC was one mode of cracking, Divya et al. [29]
and Rickenbaucher et al. [34] rejected this proposal, proposing instead that solidification or liquation
cracking were possible cracking mechanisms. In L-PBF of Waspaloy, the porosity decreased with an
increase in energy density until vaporization occurred, which increased the amount of porosity [35].
This finding is similar to that of Carter [30]. A density of 99.7% was obtained for the optimized process
parameters, and crack formation appeared to decrease as a result [35]. A common finding among these
studies was that although high densification was achieved in L-PBF, cracks were still prevalent. A high
energy density (either through high power, low scanning speed, or small hatch distance) produced
high densification. However, high energy density also increased crack density. Low energy density had
the opposite effect: high porosity and low crack density. The evidence presented strongly supported
solidification cracking, although liquation cracking or DDC were also possible.

3.3. Influence of Laser Scanning Strategy on Cracking

Although energy density and its inherent process parameters influence densification and crack
density, scanning strategies also have a significant effect. A scanning strategy controls the scanning
pattern and maintains a uniform heat distribution during processing. A well-designed scanning
strategy can reduce the high residual stress that occurs during L-PBF [29,31,36]. Residual stress
influences crack formation, as discussed later in Section 3.4. Carter [31] used an “island scanning
strategy.” Island scans are long vectors or raster scans at millimeter-scale that are parallel to each other
in a designated area. The scan vectors in an adjacent area are perpendicular to those in the neighboring
area. Different areas lie within a larger area whose perimeter is contour scanned. An example of
an island scanning strategy is shown in Figure 5. Carter shifted the whole island scan area 1 mm
(in the x- and y-directions) in the next build layer. Carter attempted to use island scans to mitigate crack
formation, but the effort did not yield the desired result. The island scanning strategy was responsible
for a large scatter in the results of crack density measurements for L-PBF-manufactured Alloy 247LC
and CMX 486 using various process parameters [31]. The island scans caused the crack density to vary
(for the same process parameter set) at different cross-sections. The heat transfer during the island
scanning led to the formation of a bimodal grain structure, which affected the crack density. Aspects
of this grain structure are explained in Section 4.1. Carter compared a meander scanning strategy of
back and forth scan movements with an island scanning strategy. Meander scans are parallel to one
another and occupy a single area. The crack density in an area subjected to a meander scan was lower
than that in an island-scanned area. The island scanning strategy was described by Smith et al. [36]
to be less effective in achieving high bulk density compared with a fractal scanning strategy that is
also known as the “Hilbert and Peano-Gosper curve,” as shown in Figure 6. Fractal scans are short
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vectors at the micrometer scale. They are scanned continuously, yet the direction changes over the
designated area. The length of the fractal scans ranged between 100 and 300 µm. When these scanning
strategies were compared during L-PBF manufacturing of Alloy 247LC, the fractal scanning strategies
yielded remarkably higher bulk densities than the island scanning strategy. However, the difference
in crack density was not substantial [36]. However, the mode of crack propagation was found to
differ. The cracks followed the scanning vector direction with island scans, whereas with fractal scans,
the cracks were either parallel or at an angle to the scan vectors. The role of scanning strategy in
influencing the thermal cycle, reducing porosity, and cracking is significant; therefore, variants of
scanning strategies have been explored for L-PBF manufacturing with γ′ nickel-based superalloys.
Divya et al. [29] used a scanning pattern that followed a particular direction in one layer and was
then rotated 67◦ in subsequent layers. A cross-hatched unidirectional scanning pattern was used by
Cloots et al. [37] and Mumtaz et al. [35] for L-PBF with Inconel 738LC and Waspaloy, respectively.
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3.4. Influence of Stress on Cracking

L-PBF-manufactured material experiences temperature gradients that are influenced by the
material, process parameters, and scanning strategy. The temperature gradients permit nonuniform
heating and cooling that subsequently produce thermal and residual stress [14]. Other factors that
influence residual stress formation include variations in the coefficient of thermal expansion and an
uneven distribution of inelastic strains [14]. Because residual stress contributes to crack formation,
it is important to understand the development of stress during L-PBF of γ′-strengthened nickel-based
superalloys. However, few studies have investigated residual stress during L-PBF of γ′-strengthened
nickel-based superalloys. The mechanism by which thermal and residual stress influence cracking in
Alloy 247 was investigated in detail by Lee et al. [38]. The manufacturing method in this study was
electron beam powder bed fusion (EB-PBF). EB-PBF is comparable to L-PBF; the difference is that the
powder bed is heated and maintained at approximately 1000 ◦C in EB-PBF. Cylindrical specimens with
a diameter of 7.5 mm were fabricated. The specimens were oriented at 30◦, 40◦, 45◦, and 50◦ relative
to the z-axis (build direction). Cracks were located on the left side of the specimen; the right side
was primarily crack-free. Lee et al. [38] proposed that cooling occurred faster on the left side of the
specimen, as shown in Figure 7. The specimen orientation was such that heat dissipated through the
specimen on the left side, but heat dissipated through the powder on the right side. The powder has a
lower conductivity than bulk material, which explains why cooling occurred faster on the left side [38].
Numerical models were employed to determine the temperature and thermal stress distributions on the
x-y plane of the specimen, and the results are displayed in Figure 7. The surface temperature distribution
and thermal stress were inhomogeneous, as shown in Figure 8a,b, respectively. Lee et al. [38] showed
that as the orientation angle increased, the thermal stress became more inhomogeneous. The thermal
stress distribution exhibited tension on the left side of the specimen and compression on the right side.
Scheil-Guliver calculations were made within ThermCalc to determine the solidification temperature
range. A critical temperature range (CTR) was subsequently determined. The CTR used was a
temperature range in which a solid fraction of 0.7 to 0.98 was formed. Within this CTR, the material
was prone to hot cracking. The CTR was plotted on the x-y plane, as shown in Figure 8c. Lee et al. [38]
showed that cracking occurred in the x-y plane, where the CTR intersected the high tensile stress on
the left side of the specimen. After solidification, the alloy continued to cool, but the residual stress
still caused cracking. In EB-PBF, the residual stress was small because the powder bed was preheated
to approximately 1000 ◦C, thereby lowering the thermal gradient [38,39]. In L-PBF, there was no
preheating, and the residual stress was high. Consequently, cracking was more predominant in L-PBF
than in EB-PBF. The residual stress in the x-z plane in the z-direction (build direction) was investigated
in Chauvet et al. [39]. The investigators manufactured samples (23 mm × 23 mm × 30 mm) from a
nonweldable superalloy by EB-PBF. No cracks were observed at heights of less than 12 mm in the
z-direction. Cracks were observed between 12 and 30 mm in the z-direction, and these cracks were
located in high angle grain boundaries, indicating that tensile stress was present in the top layer.
This layer was unable to shrink due to the restrictive force of the solidified layers below. The presence of
tensile stress in the top layer can cause solidification or liquation cracks. Chauvet et al. [39] postulated
that the stress was lower at the bottom of the build and increased in the z-direction. The cracking
started when a critical tensile stress level was reached. Typically, in AM of thin-wall tracks, tensile stress
is found in top layers, and the tensile stress levels increase as the number of layers increases [40–45].
Shiomi et al. [45] suggested that a top layer has high residual stress because it is subjected to low
iterative thermal conditions necessary for stress relaxation. The ratio of residual stress to yield stress
in AM of nickel-based superalloys at room temperature exceeded those of Ti-6Al-4V and stainless
steel [14]. This suggests that nickel-based superalloys processed by L-PBF may display high residual
stress compared with other materials. A strain gauge measurement of the residual stress of Alloy
247LC manufactured by L-PBF was conducted by Boswell et al. [46]. The von Mises stress near the
substrate was 1134 MPa. The yield stress in L-PBF of Alloy 247LC measured by Wang et al. [47] was
792 MPa. A comparison of the two values indicated that the von Mises stress exceeded the yield stress.
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Cloots et al. [32] reported that the residual stress in L-PBF-manufactured Inconel 738LC reached 95%
of the yield stress. Zhao et al. [48] simulated thermal and residual stress in L-PBF single tracks of the
nickel-based superalloy GH4169. The calculated von Mises stress equivalent was 326 MPa at the hatch
region, where a single track crossed the previous track. At this location, the von Mises stress was
severe and approached the yield stress of the material. This was caused by the high thermal gradient
of the liquid melt on a previously solidified layer [48]. The stress distribution also displayed high
values of tensile stress at the location where the laser scan changed direction from one single track to
form the neighboring single track.
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the x-y plane in EB-PBF with Alloy 247. On the left side, the CTR is intercepted by high thermal stress,
and the formation of hot cracks is predicted. Reproduced from [38], with permission of Springer Nature.

3.5. Influence of Powder Composition on Porosity and Cracking

Engeli et al. [49] investigated the influence of different Inconel 738LC powder batches on the
formation of pores and cracks during L-PBF manufacturing. Eight powder batches of Inconel 738LC
were used for manufacturing cuboidal samples (15 mm × 10 mm × 10 mm) by L-PBF. Seven batches
were gas atomized (GA) powders, and one batch was water atomized (WA) powder. The same
process parameters were used (these process parameters had been optimized for one of the batches).



Metals 2020, 10, 996 11 of 26

The batches were categorized in terms of the particle size distribution (PSD), morphology, and chemical
composition. The processability in terms of porosity and crack density was evaluated for each batch.
The results showed that highly dense specimens with porosities less than 1.2% for GA powder batches
were formed. The porosity for the WA powder batch was 3.5%. The flowability, as calculated by the
Hausner ratio (a ratio of tapped and apparent density), affected the porosity. A low Hausner ratio
(i.e., having good flowability in the powder) resulted in better recoating and less porosity. The WA
powder displayed irregular morphology and poor flowability, so it performed more poorly than the GA
powder during recoating. These characteristics could have also caused the higher porosity observed in
materials fabricated with the WA powder. The influence of PSD on the porosity and crack density was
insignificant. The chemical composition of the powder batches influenced the crack density. The eight
powder batches had chemical compositions that deviated from the nominal composition of the powder.
The crack density in the batches was plotted against the concentrations of each element, and a linear
regression was derived. The coefficient of determination, R2, was estimated to evaluate the correlations
between the crack density and each element. Si displayed the strongest correlation to the crack density
as displayed in Figure 9 [49]. Si is a residual element in Inconel 738LC. The Si composition in each
powder batch varied between 0.018 and 0.212 wt.%. Carter [31] stated that Si should be limited in a
nominal composition of Alloy 247LC to a maximum of 0.03 wt.%. The powder used in reference [31]
had a Si composition of 0.04 wt.%, but this was considered a negligible variation that would not be
detrimental to processability. Harris et al. [5] found Si in regions around cracks in cast Alloy 247 and
recommended a maximum concentration of 0.03 wt.% [5]. Si widened the solidification temperature
range [50] and increased the cracking susceptibility. Engeli et al. [51] proposed that alloy compositions
should be optimized for AM and that such optimizations should be based on a knowledge of the AM
processability of various alloy compositions.
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Figure 9. The plot of the coefficient of determination (R2) of various elements. The coefficient of
determination was calculated from a linear regression that modeled the correlation of crack density
with the concentration of each element. The plot shows that Si has the largest value which means that
Si has the strongest correlation to crack density. Replotted from [49].

3.6. Influence of Solidification on Cracking

Other studies investigated the solidification behavior and elemental partitioning that cause
cracking. In Cloot et al. [32], Scheil-Guliver calculations indicated a low solidus temperature of 682 ◦C
and a wide critical temperature range (CTR). Calculations also showed that immediately above this
solidus temperature, the formed liquid contained approximately 28.52 wt.% Zr, which was substantially
higher than the nominal composition of 0.05 wt.%. A correlation between the low solidus temperature
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and segregation of Zr was established. This nonequilibrium solidification behavior explains why liquid
films are present along grain boundaries. The liquid films lead to brittle grain boundaries; when residual
stress is present, it causes solidification cracks. Atom probe tomography (APT) measurements were
performed across grain boundaries, and they revealed that Zr segregated at the grain boundaries;
these results agree with the Scheil-Guliver analysis. The APT measurements indicated that B also
segregated; however, this could not be linked to a decrease in the solidus temperature. Elemental
partitioning is seen with deep melt pools that can lead to hot cracking, whereas shallow melt pools can
mitigate cracking. The effect of Zr on cracking is not a new phenomenon. The transition from equiaxed
Alloy 247 to directionally solidified (DS) Alloy 247LC required that the Zr composition be reduced to
0.015 wt.% in DS Alloy 247LC [5]. Reductions in Zr and Ti and the appropriate control of Si and S
eliminated DS grain boundary cracking [5]. Chauvet et al. [39] performed studies similar to those of
Cloot et al. [32] and suggested that local B partitioning and the presence of low-melting liquid film
decreased the solidus temperature. Although the nonweldable nickel-based superalloy in this study
was manufactured by selective electron beam melting, which is identical to EB-PBF, the underlying
theory of classifying cracks is similar and remains rooted in the welding literature. Both studies [32,39]
reported that the presence of a liquid film in the previous solidifying melt contributed to cracking.
Both papers propose that microsegregation of elements widens the CTR; therefore, the liquid is
available at a lower temperature than is typically found at equilibrium solidification. Chauvet et al.
demonstrated that the CTR from a Scheil-Guliver calculation spanned 350 ◦C, whereas the CTR from
an equilibrium calculation spanned 100 ◦C. These results demonstrate that the factors necessary for
solidification cracks are not limited to the presence of liquid films or a large solidification temperature
range, but thermal or residual stress must pull apart the liquid film. Such a model is highlighted in the
studies mentioned above. In principle, high levels of thermal or residual stress are preconditions for
crack initiation that exist in L-PBF manufacturing. As discussed in Section 2.2, there are high thermal
gradients in L-PBF; therefore, high levels of thermal or residual stress are also formed.

3.7. Solutions to Cracking

Nickel-based superalloys with high γ′ content manufactured by L-PBF are prone to cracks,
as described in the studies discussed above. Conversely, laser processing methods that use
nonconventional L-PBF have been reported to reduce or eliminate cracks. One such study manufactured
Alloy 247 using “high-temperature selective laser melting,” which is similar to L-PBF [52]. Samples were
manufactured by L-PBF, and the substrate mount was preheated to 1200 ◦C, which conductively heated
the substrate. Control samples were also fabricated at room temperature (RT). At RT, hot cracking
was predominant and primarily oriented in the build direction. In preheated samples, no cracks were
observed. Selective laser epitaxy (SLE), another approach that is similar to L-PBF [53], was reported to
completely eliminate cracks. In the SLE experiments, a high-power beam of 1 kJ/s irradiated a 1500 µm
thick Alloy 247 powder layer on an equiaxed cast Alloy 247 substrate in one pass. The laser beam spot
size was 20 µm, scan spacing was 25.4 µm, and laser speed ranged from 400 to 550 mm/s. A crack-free
build correlated with a reduction in residual stress due to the shallow remelt of the substrate. A shallow
remelt region was achieved by regulating the energy input with a rapid scan speed and small spot
diameter. SLE also successfully deposited Inconel 100 to a thickness of approximately 1000 µm without
cracks [54]. Inconel 100 has an Al + Ti content of 11 wt.%, which makes it difficult to weld. Rene 80,
having an Al + Ti content of 7.7 wt.%, was also deposited with SLE in the work of Acharya et al. [55].
A zig-zag movement along the specimen width was used as a scanning strategy. The scan spacing
was 12.7 µm, and the scans were repeated to preheat the substrate and ensure adequate bonding
between the deposit and substrate. The scanning strategy and controlled energy input contributed
to the success of the deposition. Basak et al. [56] deposited single-crystal CMSX-4 on investment
cast single-crystal CMSX-4 that was dense and crack-free using SLE. The single-crystal deposit grew
epitaxially from the substrate to a height of 500 µm. The single-crystal deposit was discontinued at
the height of 500 µm because the direction changed from [001] to [100]. At higher levels, the grain,
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which was initially columnar, transitioned to equiaxed. Therefore, the maximum single-crystal height
achieved was 500 µm. Basak et al. [56] proposed that a single-crystal deposit height of 1000 µm could
be attained by controlling the process parameters. SLE was also utilized to deposit single-crystal Rene
N5 on a single-crystal Rene N5 substrate, which was oriented in [001] and [100]. A deposit height of
1000 µm was attained in both directions; a single-crystal was formed, and it reached a height of more
than 500 µm [57]. SLE was also employed to deposit dense Rene 142 [58]. Martin et al. [59] solved
the cracking problem during L-PBF manufacturing of Al 7075. Al 7075 is a nonweldable alloy that is
prone to solidification and liquation cracking, as are nickel-based superalloys with high γ′ content.
Nanoparticles of Zr nucleants were introduced electrostatically into the Al 7075 powder feedstock.
Using this approach, fine equiaxed grains were nucleated during L-PBF. The equiaxed grains tolerated
the strains that occurred during the last stage of solidification. Consequently, the equiaxed grains
were crack-free. Columnar grains were unable to withstand such strains, so they developed cracks.
L-PBF produces columnar grains that grow epitaxially across multiple layers in the build direction,
a phenomenon that will be discussed below. Cracks were found parallel to such grain boundaries
during L-PBF. Martin et al. [59] recommended a method similar to that used with Al 7075 to prevent
cracking during L-PBF manufacturing of γ′ nickel-based superalloys. This method requires matching
suitable nanoparticles to the nickel-based superalloy powder. Equiaxed grains were observed at the
top of a single track during the deposition of single track Alloy 247 on Alloy 718 [60].

4. Microstructure

4.1. Grain Structure

The direction of heat flow into the substrate strongly influences the grain structure of
L-PBF-manufactured γ′ nickel-based superalloys. A specific structure is observed in Inconel 939,
Alloy 247LC, and Inconel 738LC [29,34,61,62]. In a cross-section that is parallel to the build direction,
columnar grains that are oriented in the build direction and grow epitaxially across multiple layers
are typical. The growth direction is dictated by the competition between the maximum temperature
gradient and the preferred crystallographic direction [14]. This microstructure is similar to a DS
microstructure. Cross-sections of Alloy 247LC manufactured by L-PBF with Electro-Optical Systems
equipment (EOS GmbH, Krailling, Germany) using an energy density of 113.5 J/mm3 were investigated
by the present authors. Figure 10a displays the grain structure in the as-built condition along the
build direction. The melt pool lines can also be seen. Columnar grains are visible, and the shape
of the melt pool can be observed. In a section that is transverse to the build direction, the grain
structure displays an equiaxed structure, as shown in Figure 10b. These results demonstrate that
L-PBF-manufactured samples display anisotropy. Munoz-Moreno et al. [63] measured the bulk elastic
anisotropy of L-PBF of Alloy 247LC by resonant ultrasound spectroscopy (RUS) and ascertained that
the material was anisotropic. Sample properties vary depending on whether they are measured parallel
or transverse to the build direction. Such variations were investigated in [31,34,61,62,64], and the
results are discussed in Section 5. The grain sizes are small in L-PBF samples, as can be observed in
the L-PBF-manufactured Alloy 247LC shown in Figure 10a,b. Small grains occur because of the high
thermal gradient (G), and a fast solidification rate (R) [14] produces a high cooling rate that results in
a fine grain structure [13]. In a study performed by the present authors [65], the mean grain size of
L-PBF of Alloy 247LC was 7 µm in the x-y plane, which is transverse to the build direction. Although
columnar grains are typically observed in L-PBF, equiaxed grains can theoretically be produced by
optimizing the process parameters and scanning strategies to obtain the appropriate thermal gradient
and solidification rate for a columnar-to-equiaxed transition (CET). This is governed by the level of
constitutional supercooling, according to Equation (2) [66,67],

G
R
<

∆T
D

(2)
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where G is the thermal gradient; R is the solidification rate; ∆T is the solidification temperature range;
D is the diffusion coefficient. When G

R is sufficiently low, equiaxed grains are formed. A high value of
G is attained in L-PBF. Typically, in L-PBF, the G

R value is not sufficiently low to promote the high degree
of supercooling needed to form equiaxed grains. Instead, cellular or columnar grains, which require a
lower degree of supercooling, are formed [59,66,67]. Therefore, the conditions for forming equiaxed
grains are difficult to achieve by merely manipulating process parameters and scanning strategies.
Instead, inoculation is a viable alternative, as proposed by Martin et al. [59] because it introduces
nanoparticles that create nucleation sites around which equiaxed grains can form. However, near the
top of the deposit, local conditions (e.g., lower G values) can satisfy Equation (2) so that equiaxed
grains form without inoculation. Geiger et al. [68] described three different scanning strategies that
rotated the scanning direction in the subsequent layer. Applying these strategies changed the texture
of L-PBF-manufactured Inconel 738LC and influenced the Young’s modulus. The island scanning
strategy used by Carter [31] partially altered the formation of columnar grains; fine, equiaxed grains
formed between the boundaries of columnar grains. This bimodal grain structure was present when a
new layer was built because regions were formed between the columnar grain boundaries when the
island scans were moved by 1 mm (relative to the previous layer) along the x-y plane. The local cooling
conditions in the boundary regions facilitated the growth of fine equiaxed grains. These fine equiaxed
grains have high misorientation (i.e., grain boundary angle >15◦), which promotes DDC, according
to Carter. A high percentage of the columnar grain cores had low misorientation and displayed
lower crack density. Although high angle grain boundaries have been linked to cracking of L-PBF-
and EB-PBF-manufactured γ′ nickel-based superalloys, these studies attributed crack formation to
either solidification or liquation cracking, not DDC [32,39]. The propensity of high misorientation
boundaries to undergo solidification cracking is explained in the theoretical models proposed by
Rappaz et al. [69,70]. Carter’s argument and the correlation between high angle grain boundary and
DDC are based on the works of Collins et al. [71,72]. Several studies have revealed cell structures within
the grains of L-PBF-manufactured γ′ nickel-based superalloys (by SEM using a higher magnification
than that typically used to observe grains) [29,31,47,61,63,65]. These studies are discussed in more
detail in the following section.
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Figure 10. Scanning electron microscope (SEM) images of L-PBF-manufactured Alloy 247LC:
(a) elongated columnar grains along the build direction; (b) equiaxed grains transverse to the build
direction. The images were taken in the secondary electron mode.

4.2. Phases in L-PBF Microstructure

The phases obtained during L-PBF manufacturing are important for predicting mechanical
properties, and they play a vital role in the formation of cracks. The thermal cycle, including the
solidification mode, influences the phase formation and the corresponding constituents. The L-PBF
process involves exceptionally rapid heating and cooling, which is unlike that obtained with casting.
However, the microstructure of cast γ′ nickel-based superalloys have been extensively studied and can
serve as starting points defining expectations for L-PBF-manufactured alloys. The microstructure of cast
γ′ nickel-based superalloys, (e.g., Alloy 247), as characterized by Liao et al. [73] and Mostafaei et al. [74],
consists of γ, γ′, and carbides. The microstructure component γ/γ′ eutectic was also present.
These phases and components were characterized in early studies of cast alloys [5] and are also
present in cast Inconel 738 [75]. Few works have investigated L-PBF of γ′ nickel-based superalloys;
consequently, elucidating the microstructure is at an early stage. However, γ, γ′, and γ/γ′ eutectic
and carbides, similar to those found in cast materials, have been detected in L-PBF-manufactured
samples [29,34,47,62]. In L-PBF of Alloy 247, γ, γ′, and γ/γ′ eutectic and carbides were reported [47].

Kunze et al. [62] did not detect γ′ in L-PBF-manufactured Inconel 738LC in the as-built condition
when observed using SEM; however, after heat treatment (HT), dual-size γ′ precipitates with cuboidal
or irregular shapes were found. This γ′ morphology was similar to that found in the as-cast material.
Discrete fine carbides were found in the as-built and HT L-PBF-manufactured materials; however,
fewer and smaller carbides were detected in the as-built material. Carbides that precipitated in
the as-cast material were found in the grain boundaries. Rickenbacher et al. [34] also investigated
L-PBF of Inconel 738LC and failed to find γ′ in the as-built material. Only after HT was γ′ observed,
which agrees with the findings of Kunze et al. [62]. Rickenbacher [34] explained that the microstructure
after solution and aging HT consists of unimodal γ′. However, adding hot isostatic pressing (HIP)
before the HT changed the unimodal γ′ to dual-size. The HT implemented by Kunze et al. that
reported dual-size γ′ included HIP, as well as solution and aging. Divya et al. [29] studied L-PBF
of Alloy 247LC and found that in the as-built material, the microstructure exhibited cell structures
with bright microconstituents located between cells. The microconstituents were shown to be oxides



Metals 2020, 10, 996 16 of 26

and carbides. The oxides were Hf- and Al-rich, and they originated directly from the powder or
from the powder that reacted with the atmosphere during L-PBF. Microconstituents between cells
were rich in Ti, Hf, Ta, Mo, and W, suggesting that the carbides were MC-type carbides. Figure 11
displays micrographs of L-PBF-manufactured Alloy 247 LC that was studied by the present authors.
The micrograph of the as-built material reveals the presence of cell structures with many bright
microconstituents between cells. Such cell structures, having similar microconstituents between cells,
were reported in Wang et al. [47]. The cell boundaries displayed higher dislocation densities than
the cell centers [47]. During solidification in the L-PBF process, cells with low misorientation are
formed. If the misorientation of the cell boundary is higher than that of the cell, it is called a grain
boundary. These boundaries (e.g., cell and grain boundaries) consist of solidified eutectic liquid and
microconstituents. The microconstituents in these boundaries obstruct the movement of dislocations
(as discussed previously, these dislocations are a consequence of the high stress induced by the L-PBF
process), thereby increasing the dislocation density, which may aggravate cracking [47].
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Figure 11. As-built L-PBF-manufactured Alloy 247LC containing cell structures with bright
microconstituents in the cell boundaries. The image was taken in the backscattered electron mode in
the SEM.

Transmission electron microscopy (TEM) observation revealed bimodal γ′ precipitates [29].
These precipitates were either inside or between cells and 5 or 50 nm in size, respectively. Wang et al. [47]
demonstrated that γ/γ′ eutectic was present between cells. Furthermore, Hf-, W-, Ti-, and Ta-rich
microconstituents were found between cells. These cell boundary constituents resulted from
partitioning of elements during solidification. In addition, the microconstituents contained C or O,
which agreed with the findings of Divya et al. Rapid heating of a previously deposited layer or substrate
by a top layer can cause melting of γ/γ′ eutectic and carbides and cause cracks to initiate from the lower
layer or substrate. Such cracks were observed originating from a DS Inconel 738 substrate during L-PBF
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manufacturing of Inconel 738 [25]. The γ′ precipitates in the cell center were <20 nm. The cooling
rate during solidification was 106 K/s. No γ′ was observed in the as-built L-PBF-manufactured
material in SEM analyses performed by Kunze et al. and Rickenbacher et al. However, additional
evidence that γ′ precipitates in the nanometer scale are present has been reported by Divya et al. and
Wang et al. Therefore, high-spatial-resolution microscopy studies are required to detect γ′. The size of
γ′ precipitates depends on the cooling rate, as reported in [76–78]. Chen and Xue [79] claimed that
a high cooling rate suppresses γ′ precipitation in L-PBF-manufactured Inconel 738. A high cooling
rate leads to more precipitates that are finer. As was discussed in Section 2.2, extremely high cooling
rates are obtainable with L-PBF. Among the alloys discussed above, Alloy 247LC and Inconel 738LC
have high volume fractions of γ′ and fast γ′ precipitation kinetics, as shown in Figure 12a, which is
a time-temperature-transformation (TTT) diagram modeled in JMatPro thermodynamic software.
The TTT diagram shows that γ′ precipitates form in less than 1 s and 2 s in Alloy 247LC and Inconel
738LC, respectively. Nimonic 263 has a lower volume fraction and slower precipitation kinetics of
γ′, as seen from the Al + Ti composition and the TTT diagram in Figure 12b. Nimonic 263 is used at
a temperature of approximately 500 ◦C. Vilaro et al. [80] used SEM to observe the microstructure of
L-PBF-manufactured Nimonic 263 and reported a cell size of approximately 500 nm. The MC-type
carbides observed between cells were rich in Ti. TEM did not reveal γ′. Vilaro et al. asserted that
γ′ was not precipitated due to the rapid cooling rate in the L-PBF process. A fast cooling rate will
influence γ′ precipitation, but Nimonic 263 typically has a relatively slow γ′ precipitation kinetics that
may delay its precipitation during L-PBF processing. Alloy 247LC has a fast γ′ precipitation kinetics,
as previously stated; additional JMatPro modeling results of Alloy 247LC are shown in Reference [65].
The difference in precipitation kinetics may be why γ′ is observed in Alloy 247LC (fast precipitation)
and not observed in Nimonic 263 (slow precipitation). The TTT diagram of Figure 12b shows that γ′ is
not precipitated in Nimonic 263 until after 3000 s. TEM revealed that both alloys have high dislocation
densities, and dislocation density contributes to hardness [47,80].
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Figure 12. (a) Time-temperature-transformation (TTT) diagram of Alloy 247LC and Inconel 738LC,
modeled in JMatPro, showing the precipitation of 0.5% γ′. Both alloys display fast precipitation kinetics;
(b) TTT diagram of Nimonic 263, modeled in JMatPro, indicating slow precipitation of 0.5% γ′.

4.3. Influence of the Thermal Cycle on Microstructure Evolution

In Section 2.2, it was noted that the thermal cycle in L-PBF processes is location-dependent.
For example, in a layer-by-layer deposition process, the first layer deposited will be thermally affected
by subsequent layers. Consequently, possible changes in the microstructure from successive deposition
in the z-direction need to be investigated. Wang et al. [47] compared the microstructure of the top
surface of an L-PBF-manufactured Alloy 247LC cube sample with the microstructure of the bulk
sample. In addition, a single track was manufactured to compare its microstructure with those of
the top surface and bulk of the cube sample. The samples were fabricated with a laser power of
150 W and a scan speed of 1500 mm/s. The microstructures of the top surface and bulk were similar.
However, the single track displayed lack-of-fusion voids in some regions. Element partitioning to
regions between cells was observed in the top surface, bulk sample, and single track. The degree of
partitioning in the single track was lower than in the top surface or bulk sample. The top surface
and bulk sample exhibited similar γ′ size distributions with a high fraction of precipitates <10 nm;
the single track displayed a high fraction of γ′ precipitates >10 nm. The thermal cycles experienced in
the cube samples altered the size of γ′ precipitates. Chauvet et al. [39] measured the γ′ size gradient
along the z-axis in EB-PBF-manufactured material and observed that γ′ size increased from top to the
bottom in the cube sample. At z-heights of 29, 25, and 5 mm, the γ′ precipitates were approximately
100, 500, and 600 nm, respectively. The hardness of the top layer was 490 HV at a z-height of 29 mm;
between 0 and 27 mm, the hardness was 400 HV. Hardness measurements tend to be uniform at a
given height but can vary where cracks and pores are found. Larger γ′ and lower hardness levels
could be due to γ′ coarsening from prolonged aging treatment by the heated substrate [81]. In L-PBF
processes, there is no preheating, so this type of lower layer coarsening may not occur. However, lower
layers in both EB-PBF and L-PBF processes are subject to HT from subsequently deposited layers that
will influence γ′ behavior. It is not clear why the γ′ distribution in the single track in [70] had a higher
fraction of larger γ′ precipitates than in the cube samples. No layers were deposited over the single
track, making the occurrence of γ′ coarsening unlikely. One reason for the bigger size of γ′ in the
single track might be that γ′ precipitates formed from the eutectic between cells during solidification.
The size of eutectic γ′ precipitates was larger than the γ′ precipitates in cell centers that were formed
by solid-state precipitation.
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4.4. Role of Other Microconstituents

The role of oxides in causing cracks was investigated by Qiu et al. [82] with Al-, Si-, and W-based
oxide particles that have high melting points. Qui et al. proposed that during L-PBF manufacturing of
Inconel 738LC, the cause of cracking was less associated with the element and more associated with the
melting point of the oxides, and high melting point oxides cause cracks. The findings revealed that large
and elongated Al2O3, discrete spherical oxides containing W and Si, and loosely bonded oxide clusters
containing W and Si were around cracks that formed along grain boundaries [82]. Nanoindentation
measurements were 8–9.5 GPa along these grain boundaries, but 2 GPa in the matrix. Qui et al.
associated the high hardness at the grain boundaries with the presence of oxides and proposed that
this caused grain boundary embrittlement. During solidification, oxides are the first to nucleate in the
liquid, followed by γ. Solidification contraction and thermal shrinkage between the interface of oxide
clusters and the γ precipitates cause cracks to form. Cracking may also occur along the centerline of
the oxides or the embrittled grain boundary. Cracked grain boundaries were populated with small,
sometimes equiaxed grains. Some cracks initiated from lack-of-fusion defects, probably due to higher
concentrations of stress around the pores. Such cracks were found in L-PBF-manufactured Alloy 247LC
investigated by the present authors. An exemplary electron backscatter diffraction (EBSD) micrograph
that displays a crack initiated by a lack-of-fusion pore is shown in Figure 13. Small equiaxed grains
between larger columnar grains are also seen in the figure.
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Figure 13. EBSD micrograph of an L-PBF-manufactured Alloy 247LC showing a crack initiated by a
lack-of-fusion, which is surrounded by equiaxed and columnar grains.

Preventing oxidation during L-PBF manufacturing of nickel-based superalloys is challenging.
Inert gases of high grade and purity should be used in the process. However, even when such gases
are used, the oxygen equilibrium partial pressure in the inert gas at the melting point of some elements
in the alloy is still higher than the threshold required to prevent oxidation [83].
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5. Mechanical Properties and Performance

Carter [31] performed creep tests on L-PBF-manufactured Alloy 247LC material. The tests were
conducted at 1050 ◦C; a load of 100 MPa was applied during HT, and HIP was also used in combination
with other HTs. The creep tests included vertical and horizontal build orientations for each of the
processing conditions. Results indicated that a tertiary creep mechanism was predominant under all
conditions tested, and the creep tests revealed anisotropy. The vertically built specimens had higher
creep strength than horizontally built specimens. The reason for this may be because the creep load was
perpendicular to the grain boundary cracks in the horizontally built specimens but parallel to the grain
boundary cracks in the vertically built specimens. Thus, the load is more effective in causing failure in
the horizontally built samples. Recall from Section 3.2 that cracks are found in the grain boundaries and
the grain boundaries follow the build direction. The creep performance of plates that were manufactured
at a 30◦ tilt was inferior to that of vertically built plates [84]. This may be because of the reason given
above. In addition, grains in the vertically built plates were larger and had lower grain boundary
density, so they resisted creep better than the horizontally built and tilted plates. Adding HIP to the
materials improved creep strength. The creep life of 9.6 h reported for the L-PBF-manufactured material
was significantly less than the corresponding creep life of 236 h predicted by the Larsson-Miller index
using identical test parameters. Carter attributed the poor creep performance to the presence of defects,
inferior grain structures, and high test temperatures. However, the inferior creep performance raises
questions about the suitability of L-PBF-manufactured Alloy 247LC for high-temperature applications.
However, more tests are required to validate these results, especially at lower temperatures where
the dissolution of γ′ is not at risk. The creep performance of L-PBF-manufactured Inconel 738LC
material in tests performed by Kunze et al. [62] and Rickenbaucher et al. [34] indicated that the creep
rupture strength for vertically built material was close to that of cast material in the lower scatter range
values. In contrast, horizontally built samples had inferior creep performance. The effect of anisotropy
was also evident. Long columnar grains in the vertically built samples were aligned in the loading
direction; hence, they resist creep better than the horizontally built samples, whose grains are aligned
perpendicular to the loading direction [62]. The grain sizes and precipitates in the L-PBF-manufactured
samples were smaller relative to those in cast samples and could also be responsible for the inferior
creep in L-PBF-manufactured materials.

Chen et al. [64] performed tensile tests on L-PBF-manufactured K418 in vertical and horizontal
build orientations to investigate the influence of anisotropy on tensile properties. Vertically built
specimens exhibited slightly higher ultimate tensile strength (UTS) and slightly lower yield strength
than horizontally built specimens. The horizontally built specimens of L-PBF-manufactured Inconel
738LC displayed higher UTS and Young’s modulus than the vertically built samples and a proof
stress of 0.2% [34,62]. This trend was also seen for Haynes 230 during depositions in the high energy
input range [85]. The vertically built specimens displayed better ductility than the horizontally
built samples [34,64]. Chen et al. [64] stated that the stress applied to the horizontally built samples
was perpendicular to the columnar grains; hence, it caused grain delamination. However, in the
vertically built samples, the stress applied is parallel to the columnar grains, resulting in better ductility.
The grain size was smaller in horizontally built samples, resulting in higher yield strength. Horizontally
built samples are expected to have a larger area close to the substrate than vertically built samples.
Consequently, the cooling rates are higher in horizontally built samples, yielding finer grains. The yield
strength of L-PBF-manufactured K418 was superior to that of cast K418. A similar trend is seen
in [34,62]. This trend is expected because of the finer grain size seen in L-PBF-manufactured materials.
As discussed in Section 4 and shown in Figure 9a,b, the grain size of L-PBF-manufactured Alloy 247LC
is small. Yield strength is related to grain size. According to the Hall-Petch relation, yield strength is
inversely proportional to the square root of grain diameter.
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6. Summary

Given the high thermal gradients, residual stress, and susceptibility of γ′ nickel-based superalloys
to weld cracking, it is not surprising that these alloys crack during L-PBF processing. Currently,
studies have demonstrated several relationships between process parameters, powder properties,
alloy metallurgy, and defects. However, the number of studies is low; therefore, further studies must
be conducted.

Similarly, additional investigation into the mechanism of cracking in L-PBF-manufactured
materials is also required. More evidence is needed to fully characterize solidification-type cracking
and differentiate it from liquation cracking because each mechanism requires the presence of liquid
films. Thermal gradients and cycling in L-PBF layers, as well as their subsequent effects on cracks
and microstructure, can be studied in detail by experimenting with single tracks or in samples with
varying numbers of layers. Liquation cracking may be revealed in the thermally treated lower layers
of single tracks. The solid-state cracking mechanism of SAC scenarios can also be revealed in such
investigations. The effect of thermal treatment on a solidified layer by a subsequent layer can be
observed more easily in single tracks than in cubes.

Further investigation should be done to identify the contributions of different elements in widening
the CTR and characterize the segregation of such elements between cells during L-PBF manufacturing.
The elements present in crack boundaries should also be identified. It should be possible to identify
which elements influence cracking. Such knowledge is important for developing alloy compositions that
eliminate cracking while retaining acceptable microstructures and material properties. One challenge
is that critical microstructural details are in the nanometer range; therefore, such studies will require
advanced microscopy techniques (for example high-resolution TEM) and energy dispersive X-ray
(EDX) analyses. The addition of nanoparticles to γ′ nickel-based superalloy powders to induce
equiaxed grains, similar to the approach used with Al 7075, should also be investigated in more detail.
Technical improvements in L-PBF equipment that preheat the powder bed and reduce residual stress
may improve crack resistance. The observations in SLE implies that nickel-based superalloys with a
high volume fraction of γ′ can be processed crack-free. However, the properties of the processed parts
should be tested to ensure that they meet the requirements. Analyses obtained from the literature
suggest that oxides are present between cells. Such oxides can cause cracking or deteriorate the
mechanical properties and ought to be studied in more detail. Ultimately, the crystal structure and
lattice parameters must be investigated to identify these oxides. Inert gases of high purity should be
used during L-PBF to ensure that the partial pressure of oxygen remains below the threshold required
for oxidation of susceptible elements. In addition, powder quality should be improved to limit the
amount of Si and other trace elements.

The main findings of this review can be summarized as follows:

• There remains an industrial requirement to optimize L-PBF process parameters for
γ′-strengthened superalloys.

• Complex heat transfer mechanisms, including conduction, convection, and radiation, are characteristics
of L-PBF processes.

• High thermal gradients, fast cooling rates, and spatial variation of thermal cycles influence the
microstructure of the formed materials.

• L-PBF-manufactured γ′ nickel-based superalloys are prone to defects such as cracks, spherical
pores, and lack-of-fusion voids.

• Solidification, liquation, SAC, and DDC are known cracking mechanisms in the welding
of γ′ nickel-based superalloys; such cracking mechanisms also occur during L-PBF of γ′

nickel-based superalloys.
• L-PBF process parameters, including scanning strategies (patterns) and powder properties,

strongly influence defect formation. The presence of Si in the powder increases cracking density.
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• For solidification cracking to occur, prerequisites include the presence of liquid films, a wide
critical temperature range (CTR), and the presence of residual stress. Segregating elements,
such as Zr or B, could cause liquid films to be present in grain boundaries at low temperatures.
Scheil-Gulliver thermodynamic plots can identify the CTR.

• The microstructures of L-PBF-manufactured γ′ nickel-based superalloys have constituents that
are also found in the corresponding cast alloys. The γ, γ′, and γ/γ′ eutectic and carbides detected
in L-PBF materials are important phases and microstructure components.

• Cell structures within grains can be characteristic of the microstructure, and enrichment of Ti, Hf,
Ta, Mo, and W between cells has been observed.

• The size of γ′ precipitates becomes finer at high cooling rates and may not be observable in
as-built L-PBF samples because of their small size. High-resolution electron microscopy analysis,
for example TEM, can detect γ′ precipitates at the nanometer scale.

• Vertically built L-PBF samples have creep characteristics that are superior to those of horizontally
built samples. However, the creep of cast samples outperforms L-PBF samples because L-PBF
samples contain defects or because the grains and precipitates are smaller. Tensile tests also display
anisotropy, and yield strength is generally better in horizontal-built specimens than in vertical-built
specimens. L-PBF-manufactured samples display better yield strength than equivalent cast
materials, and this is linked to the smaller grain sizes in L-PBF-manufactured samples.
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