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“Scientific research is not about showing results; it’s about understanding
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Populärvetenskaplig Sammanfattning
Nyckelord: Fasfältmodellering; Laser Metal Deponering; Elektronstrålesmältning;
Värmebehandling; Superlegeringar
Additiv tillverkning i metall har under senare år rönt ett allt större intresse.
Metoden har många attraktiva egenskaper jämfört med konventionella
tillverkningsmetoder som exempelvis förmågan att skapa geometrisk komplexa
produkter och unika materialstrukturer. Tillverkningsmetoden är också mycket
intressant ur ett vetenskapligt perspektiv. Exempel i detta sammanhang är
heterogena
materialstrukturer
som
uppkommer
på
grund
av
temperaturvariationer och ett mycket snabbt stelningsförfarande under
tillverkning. För att minska den heterogena materialstrukturen värmebehandlas
objekten i regel efter tillverkning. Det är av stort vetenskapligt intresse att skapa
en ökad förståelse av hur materialstrukturens förändras under additiv tillverkning
och under den efterföljande värmebehandlingen, vilket är detta arbetes syfte.
Det valda materialet Alloy 718, är ett högtemperaturmaterial som har stor
användning både inom flygindustrin och i stationära gasturbiner. Tillverkning av
komponenter i Alloy 718 genom traditionella metoder är dock tidskrävande och
kostsamt. Konventionella tillvekningsmetoder kräver avverkande bearbetning för
att få önskad form vilket ger ett betydande materialspill. Additiv tillverkning med
litet materialspill ter sig därför som en mycket intressant teknik för tillverkning av
komplexa gasturbinkomponenter.
Ansatsen i detta avhandlingsarbete har varit mikrostrukturmodellering s.k.
fasfältsmodellering för att se studera hur materialstrukturen förändras under
additiv tillverkning med EBM (Electron Beam Melting) och
Lasermetalldeponering (LMD). Fasfältsmodellering har även tillämpats för att
studera
materialstrukturens
utveckling
under
den
efterföljande
värmebehandlingen.
Simuleringsresultaten
visar
att
de
båda
tillverkningsmetoderna ger en materialstruktur med ett mindre avstånd mellan
dendriter jämfört med ett gjutet material. Resultaten visar även att för metoden
EBM så sker en snabb homogenisering under den värmebehandling som sker insitu under tillverkning. Studierna avseende LMD processen och efterföljande
värmebehandling påvisade bildande av Deltafas i den interdendritiska regionen
och en utfällning av γ'/γ'' invid den interdendritiska regionen och i dendritkärnan.
Resultaten indikerar att fasfältsmodellering kan vara en värdefull teknik för att
skapa ökad förståelse av materialstrukturens förändring under additiv tillverkning
och den efterföljande värmebehandlingen.
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In recent years, additive manufacturing (AM) of Alloy 718 has received increasing
interest in the field of manufacturing engineering owing to its attractive features
compared to those of conventional manufacturing methods. The ability to
produce complicated geometries, low cost of retooling, and control of the
microstructure are some of the advantages of the AM process over traditional
manufacturing methods. Nevertheless, during the building process, the build
material undergoes complex thermal conditions owing to the inherent nature of
the process. This results in phase transformation from liquid to solid and solid
state. Thus, it creates microstructural gradients in the built objects, and as a result,
heterogeneous material properties. The manufacturing process, including the
following heat treatment that is used to minimise the heterogeneity, will cause the
additively manufactured material to behave differently when compared to
components produced by conventional manufacturing methods. Therefore,
understanding the microstructure formation during the building and subsequent
post-heat treatment is important, which is the objective of this work.
Alloy 718 is a nickel-iron based superalloy that is widely used in the aerospace
industry and in the gas turbine power plants for making components subjected to
high temperatures. Good weldability, good mechanical properties at high
temperatures, and high corrosion resistance make this alloy particularly suitable
for these applications. Nevertheless, the manufacturing of Alloy 718 components
through traditional manufacturing methods is time-consuming and expensive.
For example, machining of Alloy 718 to obtain the desired shape is difficult and
resource-consuming, owing to significant material waste. Therefore, the
application of novel non-conventional processing methods, such as AM, seems
to be a promising technique for manufacturing near-net-shape complex
components.
In this work, microstructure modelling was carried out by using multiphase-field
modelling to model the microstructure evolution in electron beam melting (EBM)
and laser metal powder directed energy deposition (LMPDED) of Alloy 718 and
ix

subsequent heat treatments. The thermal conditions that are generated during the
building process were used as input to the models to predict the as-built
microstructure. This as-built microstructure was then used as an input for the heat
treatment simulations to predict the microstructural evolution during heat
treatments.
The results showed smaller dendrite arm spacing (one order of magnitude smaller
than the casting material) in these additive manufactured microstructures, which
creates a shorter diffusion length for the elements compared to the cast material.
In EBM Alloy 718, this caused the material to have a faster homogenisation
during in-situ heat treatment that resulting from the elevated powder bed
temperature (> 1000 °C). In addition, the compositional segregation that occurs
during solidification was shown to alter the local thermodynamic and kinetic
properties of the alloy. This was observed in the predicted TTT and CCT
diagrams using the JMatPro software based on the predicted local segregated
compositions from the multiphase-field models. In the LMPDED Alloy 718
samples, this resulted in the formation of δ phase in the interdendritic region
during the solution heat treatment. Moreover, this resulted in different-size
precipitation of γ'/γ'' in the inter-dendritic region and in the dendrite core. The
microstructure modelling predictions agreed well with the experimental
observations. The proposed methodology used in this thesis work can be an
appropriate tool to understand how the thermal conditions in AM affect the
microstructure formation during the building process and how these as-built
microstructures behave under different heat treatments.
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1 Introduction
This chapter begins with a brief introduction to additive manufacturing (AM) and
its benefits and issues. The chapter also briefly describes the advantages of
modelling and simulation in the context of AM. The research objective, questions,
scope, and limitations are also introduced.

1.1

Background

According to the ASTM standards, AM is defined as the process of joining
materials to create objects from 3D model data (from a CAD model), usually layer
upon layer, as opposed to subtractive manufacturing methodologies [1]. AM is
also known as 3D printing, rapid manufacturing, rapid prototyping, or freeform
fabrication. AM has recently received special interest in the field of manufacturing
owing to its attractive features compared to conventional manufacturing methods
such as casting, shaping, and machining. Examples in this context are the ability
to produce near-net-shape complex parts, low cost of retooling, and the
possibility to change the microstructure during processing [2]. The type of energy
source that is used to melt the material in AM can be an arc, laser, or electron
beam. The material can, for instance, be a metal, ceramic, or polymer, which can
be in the form of a powder, wire, or sheet. The interest in producing parts by AM
in metallic materials has significantly increased over the last decade. The technique
attracts both the industrial and scientific communities owing to its broad
application and research potential.
AM is specifically interesting for high-value low-volume manufacturing
industries, such as aerospace, biomedical implants, and tool manufacturing. AM
is also interesting for sustainability reasons because, in comparison to
conventional manufacturing, it reduces material waste. Conventional
manufacturing methods such as casting, forging, and subtractive manufacturing
methods also impose limitations on design engineers. AM offers designers a larger
freedom, which results in the creation of new types of designs with high strength
and low weight. One example of a metal product that has utilised this ability is a
redesigned fuel nozzle manufactured by GE aviation for the ‘LEAP’ engine in
2016 [3]. The new nozzle, which is a single part, has several advantages. It
provides a better fuel flow geometry that results in higher combustion efficiency
compared to that of the previous design, which was fabricated by welding and
1

brazing 20 separate parts together. Additionally, the new design is five times
stronger and 25% lighter compared to the previous nozzle. In the aerospace
sector, fabrication of components by AM can significantly reduce the buy-to-fly
ratio, i.e., the weight ratio between the raw material used for a component and the
weight of the component itself. In traditional subtractive manufacturing the buyto-fly ratio can be as high as 20:1, which results in large material wastage. AM has
the ability to produce near-net-shape structures, thus reducing this ratio to almost
1:1 [4], [5]. In biomedical implant production, AM makes it possible to produce
patient-specific implants directly from a CAD model generated from CT scanned
data, thus reducing manufacturing cost, time, and material wastage. Moreover,
AM is highly interesting for tool manufacturing. Tools can be generated with
custom cooling channels and added functionality, for example, an integrated chip
breaker in a machine tool design. To summarise, AM can enable cheaper, more
flexible, and more sustainable manufacturing; it is specifically interesting for highvalue low-volume manufacturing industries.
Although AM has gained significant attention, several challenges must be solved
for AM to be used in industrial production more effectively. In particular, AM of
metallic components is a complex process that involves numerous process
parameters. During manufacturing, the building material undergoes faster
solidification and thermal cycling owing to the layer-upon-layer building process.
This causes complex thermal conditions that drive phase transformation from
liquid to solid and solid state. In addition, post-treatment, such as hot iso-static
pressing (HIP) and heat treatment, causes further changes in the material. These
material changes can significantly modify the functional performance of the
component. Consequently, obtaining products with the desired quality and
performance by AM is not a straightforward task. It is thus important to identify
the effect of these thermal conditions on the microstructure and the functional
performance and quality. Understanding these relationships might also make it
possible to optimise the AM microstructures for desired applications. It is,
however, not a simple task. The number of variables required to specify a
condition at a specific location in an AM build can be very high. For example, this
number could be more than 104 variables in electron beam melting (EBM) [6].
Experimental process optimisation will thus be time-consuming and costly.
Computational modelling and simulation is an interesting alternative approach
that can be of high value for the AM community as it helps to reduce the number
of experiments. In addition, modelling and simulation can be a powerful tool to
gain a deeper understanding of the process, thus making it possible to provide an
insight into complex process phenomena, which might be impossible to gain
experimentally [8]. Furthermore, modelling and simulation can create an
accelerated path for process optimisation [7].
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1.2

Objective

The main objective of this work is to utilise a modelling approach to gain an
understanding of the relationships between thermal conditions and
microstructure formation during AM and the following heat treatment.
It should be remarked that the modelling approach used in this work can be used
to study the relationships between thermal conditions and microstructure
formation in other manufacturing techniques (such as casting and welding) with
the restriction of diffusion limited phase transformations.

1.3

Research Questions

The modelling work was accomplished by trying to answer the following research
questions:
1.

How can the microstructure evolution during additive manufacturing
be modelled as a function of thermal conditions in the process?

2.

How can the microstructure development under subsequent heat
treatment be modelled as a function of the time-temperature history?

3.

How does the temperature conditions in additive manufacturing affect
the microstructure?

4.

How does the temperature conditions during heat treatment affect the
as built microstructure?

5.

How does the segregation of elements that occur during solidification
affect phase transformation kinetics?

1.4
•

Scope and limitations of the work

Material: The material in this study was limited to the nickel–iron-based
superalloy Alloy 718. It should be noted that in the modelling work, Alloy
718 was modelled as a Ni-Fe-Cr-Nb-Mo-Ti-Al system to reduce the
computational effort for simulations.
3

•

Process: The work was focused on the laser metal powder directed energy
deposition (LMPDED) and EBM AM processes and the following post-heat
treatments processes. In the EBM process, only the microstructure evolution
in the hatch region was considered

•

Microstructure predictions: The microstructure models developed in this
work were limited to two dimensions. In addition, the length scale of the
microstructure was in the dendrite scale. The phase transformation modelling
was limited to diffusion-controlled phase transformation. Only the formation
of γ (matrix), γ'/γ'' (strengthening phases), Laves, and δ phases during the
solidification and solid-state phase transformation were considered. Defects
such as porosities and cracks observed in LMPDED and EBM
microstructures were not considered. Furthermore, grain boundary effects
were not considered.

4

2 Processes
This chapter presents an overview of the two AM processes investigated in this
work, namely the electron beam melting and laser metal directed energy deposited
processes.

2.1
2.1.1

Electron Beam Melting (EBM)
Introduction

EBM is a type of powder bed AM technique that was first commercialised in 1997
by Arcam Corporation in Sweden. In the EBM process, an electron beam is used
to selectively melt the material by a layer-by-layer approach. EBM has some
unique features when it comes to the manufacturing of biomedical implants and
high-performance components used in aerospace and high-temperature
applications. Faster deposition rates owing to high beam energy and speed, lower
residual stresses, the possibility of tailoring the microstructure [9]–[11], and
reduced problems with oxidation are some of the advantages of the EBM process
[2]. However, owing to the inherent nature of the process, the semi-sintered
powder becomes difficult to remove in complex geometries. The components
that are manufactured by EBM have higher surface roughness compared to those
manufactured by selective laser melting (SLM), and thus, might require posttreatment.

2.1.2

About the Process

Figure 1 shows a schematic representation of the main components of an EBM
machine and the building process cycle. The electron beam unit of the machine
comprise the electron generating part and the magnetic lenses used to control the
beam. The principle of the electron gun is similar to the system that can be found
in an electron microscope. The heated cathode filament emits electrons in the
upper column, as shown in Figure 1. The potential difference between the
cathode and anode is approximately 60 kV. The beam current capacity is usually
in the range of 1 to 50 mA [12]. The shape and deflection of the electron beam
are controlled by magnetic lenses in the lower part of the electron gun unit. The
5

astigmatic lenses correct the beam shape, whereas the focus lenses control the
size of the beam. The beam position on the build plate is controlled by the
deflection lenses. The operation of the EBM process takes place in the so-called
‘controlled vacuum’ environment. In this condition, a small helium pressure of
10-3 mbar is applied to prevent the build-up of electrical charges in the powder
and to ensure thermal stability [12], [13]. Helium is used as it has less interference
with the electron beam owing to its smaller atom size. The build chamber of the
machine consists of a steel build tank, powder feeder hoppers, and a raking
system. The build tank contains the build plate where the component is being
printed on. This plate can move parallel to the vertical axis of the electron gun
unit. This movement will depend on the layer thickness of the build geometry.
The two powder feeding hoppers contain the metallic powder that is used as the
build material. The rake controls and distributes the powder on the build plane
by taking the powder from both sides.
Based on the CAD data, the component is built through a layer-by-layer approach,
as shown schematically in Figure 1. The major steps involved in the process are
as follows:
1. Build plate heating before applying the first layer. The preheating temperature
is slightly above the building temperature.
2. Distribution of powder onto the start plate (raking).
3. Preheating of the powder by the electron beam. This has two main purposes:
first, to deliver energy to maintain the temperature within the building
volume. Second, to sinter the powder in order to avoid surface charge
accumulation on powder particles and the ‘smoking’ effect. During
preheating, the build area is scanned several times using a defocused electron
beam at a high speed. The preheating temperature will depend on the material
that is being used for the process. The preheating temperature is
approximately 300 °C for pure copper [14], whereas it is approximately 1100
°C for intermetallic [15]. For Alloy 718, this value is approximately 1025 °C.
4. Melting of the powder layer according to the desired geometry.
5. Lowering of the build platform by the desired value based on the powder
layer thickness.
6. Repetition of step 2 to step 5 until the build is completed.
7. Cooling of the component down to room temperature after the build
sequence is complete. The cooling down process can be accelerated by
injecting helium into the build chamber. As a result of the sintering of the
powder during pre-heating, the build component will be embedded inside the
sintered powder bed. Therefore, sandblasting using the same powder will be
6
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used to remove the sintered powder. The recovered powder can be recycled
and reused.

Figure 1: Schematic representation of the Arcam EBM Machine [13] (printed with
permission) and it’s building process cycle [12].

7

Once the build is complete, the component is recovered from the sintered powder
bed. Additionally, the support structures that are added to the component must
be removed. Further, the EBM build component will be subjected to necessary
post-treatments, such as surface modification, hot isostatic pressing (HIP), and
heat treatment cycles. The as-built surface of the EBM component has a
comparatively rough surface due to the sintering of powder particles at the surface
of the component. To reduce the surface roughness, machining can be used but
it is limited by the complexity of the geometry. HIP is performed to reduce the
porosity inside the microstructure of the as-built component. The temperature
condition in the HIP also helps to dissolve the microstructure heterogeneity in
the as-built component. After HIP, the material properties will be reduced. To
obtain the desired mechanical properties, suitable post-heat treatments must be
performed.

2.2
2.2.1

Laser Metal Powder Directed Energy
Deposition
Introduction

LMPDED is a directed energy deposition AM process. The material is deposited
by blowing it in powder form into a melt pool on a metallic substrate or a
previously deposited layer. This method has become popular as a repair method
for corroded and worn gas turbine components because the parts can be repaired
with minimal distortion and dilution [16]. The method is also used as a technique
to build small components or add features to, for instance, cast components, and
thus, to add complexity to products [17]. This makes it possible to reduce the cost
of direct casting components with complex features. The layer-by-layer material
deposition will result in repeated heating and cooling of the deposited material
when subsequent layers are being deposited. Depending on the nature of the
thermal conditions (such as cooling rates, thermal gradients, maximum
temperature, and number of thermal cycles), the material will undergo liquid to
solid as well as solid-state phase transformation. Studies have shown that these
phenomenon will influence the microstructural changes and consequently affect
the mechanical properties [16], [18]–[22]. Unlike in the EBM process, the HIP
process is not commonly used for LMPDED components. One reason is that
this will alter the microstructure in the substrate material, which has already been
tailored for the desired application. The local post-heat treatment, i.e., heat
treatment of only the geometry that was built, is commonly used in LMPDED
builds to obtain the desired microstructure and properties in the built structure.
The local post-heat treatment is preferred because LMPDED is commonly used
8
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for repair applications and to add features to components. The treatment will then
have less impact on the rest of the component.

2.2.2

About the Process

In LMPDED, the feedstock powder is blown into the melt pool that is created
by a laser heat source targeted on the metal surface. The deposition is controlled
by either moving the heat source and/or moving the substrate. In a three-axis
system, the motion is controlled by the movement of the deposition heat source,
whereas in a four- or five-axis system, both the deposition heat source and the
substrate are moved. Typically, a computer numerical control (CNC) machine or
a robot arm is used for this purpose. The most common lasers used in LMPDED
are diode lasers (semiconductor), CO2 lasers (molecule), and Nd: YAG lasers
(solid state).

Figure 2: Illustration of powder nozzle configurations: (a) coaxial nozzle feeding and
(b) single nozzle feeding [23].

The two types of deposition head nozzles in an LMPDED system are coaxial
nozzles and off-axis nozzles, as shown in Figure 2. The off-axis nozzles feed the
powder to the melt pool from one direction using a single nozzle. Owing to the
unidirectional feeding, these are only suitable for deposition in one direction.
However, in some cases (close to a wall or when depositing in groves), these
nozzles have better accessibility compared to that of coaxial nozzles. In addition,

9

off-axis nozzles are simpler, and therefore, have a lower cost [23]. In contrast,
coaxial nozzles feed the powder symmetrically to the laser beam, and thus, have
the advantage of being directionally independent. This offers an advantage when
building tall or complex geometries that combine thin and thick regions [23], in
addition to the fact that coaxial feeding enables higher powder efficiency.
Moreover, the shielding gas will protect the melt pool from unwanted oxidation.
The feedstock powder is carried by using an inert gas, which also acts as the
shielding gas. Typically, helium or argon is preferred for this purpose and it
protects the deposition material from oxidation. The delivery of powder is
handled by the powder feeder system. The delivery system of the powder to the
nozzle is dependent on the equipment manufacturer. The most common method
to control the feeding rate is to use a rotating disc with a groove. During the
rotation, the groove will catch some powder from the powder container above
and deliver it to the suction outlet, which delivers the powder to the nozzle. The
powder feed rate is controlled by the size of the groove, rotating speed of the
disk, and size of the outlet hole.
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3 Alloy 718
In this chapter, a brief introduction to the chemistry, typically observed phases,
and solidification behaviour of Alloy 718 is presented. In addition, a short
summary of the published work related to the EBM and LMPDED of Alloy 718
is included. The summary is focused on the aspects of microstructure evolution
during the process and the post-heat treatments.

3.1

Introduction

Nickel-based superalloys are important alloys used in the aerospace and gas
turbine engines owing to their high-temperature strength, high resistance to creep
deformation, and corrosion resistance [12], [24]. Among these alloys, Alloy 718 is
one of the most widely used nickel–iron-based superalloy. This alloy has good
weldability and castability owing to its sluggish precipitation of the strengthening
phases. Initially, this alloy was used by General Electric as a turbine disk material
in an aircraft jet engine [25]. The alloy is used not only in in gas turbine engines
but also as a generic alloy in nuclear and cryogenic structures and where
environmental cracking resistance is required. However, its use in loaded
components in high-temperature applications is limited to 650 °C owing to the
loss in strength beyond this temperature [26].
The composition of Alloy 718 is complex and it has many alloying elements.
These elements are added to obtain the desired microstructure and properties.
Table 1 presents the nominal composition ranges for the alloy, according to the
ASTM standard, and their effect on the microstructure. The alloy has a
microstructure that is dominated by a γ fcc matrix. Within the matrix precipitates
such as Laves, γ'/γ'', and δ, various metallic carbides and nitrides can be found.
The crystal structure of these commonly observed phases is presented in Table 2.
The complete microstructure, including the present phases, their distribution,
morphology, and orientation, is primarily related to the initial manufacturing
technology and succeeding post-processing conditions. Heat treatments are
commonly used to tailor the microstructure of Alloy 718 to obtain the desired
properties required for the application.
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Table 1: ASTM standard for Alloy 718 composition (wt%) [27] and the effect of the
alloying elements [28], [29]

Element

Min

Max

Nickel

50.0

55.0

fcc matrix stabiliser, inhibits TCP phase
precipitation

Iron

Bal.

Chromium

17.0

21.0

Solid-solution strengthening, Improve
hot corrosion oxidation resistance

Molybdenum

2.80

3.30

Solid-solution strengthening, M6C
formation

Niobium +
Tantalum

4.75

5.50

Titanium

0.65

1.15

Aluminium

0.20

0.8

Cobalt

-

1.0

Copper

-

0.3

Manganese

-

0.35

Phosphorus

-

0.015

Silicon

-

0.35

Sulphur

-

0.015

Boron

-

0.006

Carbon

-

0.08

Effect of the alloying Elements

γ″ precipitation, NbC carbide
precipitation, δ-Ni3Nb precipitation,
TaC carbide precipitation
γ' precipitation
γ' precipitation, Retard formation of η
(Ni3Ti)
Raises solvus temperature of γ′

Promotes carbide precipitation

Improve creep strength and ductility,
Hinder formation of grain boundary η
Stabilize the FCC matrix, Forms MC,
M7C3, M6C, and M23C6 carbides
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Table 2: Commonly observed phases in Alloy 718

γ

Representative
Formula
N/A

γ'

Ni3(Al, Ti)

FCC (Ordered L12)

γ''

Ni3Nb

BCT (Ordered D022)

δ

Ni3Nb

Orthorhombic (ordered D0a)

Laves

(Ni,Fe,Cr)2(Nb,Mo,Ti)

Hexagonal (C14)

MC

NbC, TiC

Cubic (B1)

Phase

3.2
3.2.1

Crystal Structure
FCC

Phases in Alloy 718
γ Phase

The fcc γ phase is the matrix phase in Alloy 718 and other nickel-based
superalloys. This non-magnetic phase [30] consists mainly of Ni and a high
amount of solid-solution strengthening elements such as Co, Fe, Cr, and Mo.
These elements differ from 1 to 13% in atomic diameter with Ni. This helps to
increase the lattice expansion, and thus, to increase the strength in the γ phase
[31]. A segregation of elements is usually observed in this phase during the
solidification owing to the partitioning of elements [32], [33].

3.2.2

γ' and γ'' phases

Coherent and ordered γ' and γ'' phases found in the γ-matrix are the precipitation
strengthening phases of Alloy 718. The effectiveness of these precipitation
strengthening phases is related to the following factors [29]:
•
•

•
•

Coherency strains that arise owing to the difference in lattice parameters
between the γ-matrix and the γ'/ γ'' precipitates.
Antiphase-boundary (APB) energy due to the ordered γ′/γ″ precipitate.
The APB represents the energy needed for a dislocation to cut through
the ordered precipitate, because cutting could result in disordering
between the matrix and precipitate interface.
The volume fraction of the γ'/ γ''.
Size of the γ'/ γ'' particles.
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In Alloy 718, the ratio of γ'' to γ' has been determined to be in the range of 2.5 4 [31]. Therefore, the predominant strengthening phase of this alloy is considered
to be γ''.
Ordered γ' contains Ti and Al as the principal age hardening constituents.
However, as the Ti and Al content in this alloy is relatively small compared to that
in γ' strengthened nickel alloys, the amount of γ' that will form [31] is also smaller.
Upon exposure to elevated temperatures, the metastable γ' will transform to the
stable η (Ni3Ti) phase. The γ' phase starts to precipitate as a spherical particle and
continues to retain its circular shape until it coalesces at high temperatures [33].
The coherency strains of the γ' phase with the γ matrix is reported to be low
(0.407%), and it is not considered to have a significant impact on the
strengthening of the alloy [31].
The ordered BCT γ'' contains Nb as the principal age hardening constituent. The
γ'' phase has a disk shape morphology whose diameter is 5 to 6 times its thickness
[33]. As the precipitates form coherently with the matrix, its tetragonal lattice
distortion (c/a = 2.04) will result in substantial coherency strain [34]. The
coherency strain between γ'' and the γ matrix has been measured to be 2.86% [35].
The γ'' phase is a metastable phase and it will transform to the stable δ phase upon
high-temperature exposure that exceeds 650 °C. This transformation will cause
degradation of the mechanical properties of the alloy [26], [31]. Consequently, this
limits the use of Alloy 718 for loaded components to a temperature condition
above 650°C.

3.2.3

δ phase

The δ phase represents the thermodynamically stable phase of the metastable γ''
phase [31], [36], [37]. It has a plate-like morphology. This phase has shown to
have the following relationship with the matrix;
(010)δ || {111}γ ; [100]δ || <110>γ
At lower temperatures, the δ phase starts to form at grain boundaries and twin
boundaries [38]. At these locations the nucleation energy barrier for solid state
precipitation of a phase is less when compared with the defect free matrix.
Consequently, precipitation of the δ phase favoured at above mentioned
locations. The δ phase is consistently incoherent with the matrix and as a result,
it does not contribute to the strength of the alloy, even when it is present in
significant quantities. It also consumes the Nb that is needed to precipitate the
strengthening γ'' phase. However, controlling the precipitation of the δ phase at
14
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the grain boundaries helps to control the grain growth during forging and heat
treatments. The δ phase is shown to precipitate in the temperature range from
650 °C to 980 °C [39]. The solvus temperature of the δ phase is in the range of
1000 °C to 1020 °C [40]–[42]. The formation of the δ phase and its growth is
prominently governed by the temperature [39]. In the range 700 °C to 885 °C,
formation of the δ phase is accompanied by rapid coarsening of γ''. In the
temperature range from 840 °C to 950 °C, rapid formation of the δ phase with
Widmanstätten morphology can be observed.

3.2.4

Laves phase

The Laves phase is a topologically closed pack (TCP) phase that forms in Alloy
718 owing to the segregation of elements such as Nb during the solidification
process [33], [43]. Given the large amounts of Nb required for the formation of
the phase, the Laves phase usually forms in heavily segregated areas in the
interdendritic region. From the experimental work performed by
Antonsson et al. [32], it was shown that the Nb content in the interdendritic liquid
must be above 20 wt% in order to form the Laves phase. Usually, the Laves phase
contains high amounts of Nb (~25 to 30 wt%) [44]–[46]. This trapped Nb in the
Laves phase must be released through proper heat treatments in order to
precipitate the strengthening phases in Alloy 718. Formation of this phase is
almost unavoidable owing to the element segregation during the solidification
process, except if it is a diffusion-less transformation [32]. However, the
morphology and distribution of the Laves phase can be controlled by altering the
solidification conditions (cooling rates and thermal gradients) [47]. Unfortunately,
the presence of the Laves phase in Alloy 718 has shown to have a negative impact
on its mechanical properties (tensile strength, ductility, fatigue life, and fracture
toughness) [46].

3.2.5

MC type carbides

In Alloy 718, Nb-rich MC type carbides are the predominant carbides. The high
content of Nb in Alloy 718 seems to be the reason for the formation of these
carbides [48]. These primary carbides usually form as discrete blocky particles or
eutectic phases during solidification [29]. The precipitation of these carbides
occurs as discrete particles dispersed heterogeneously throughout the alloy (both
within the grains and at grain boundary locations).
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3.3

Solidification of Alloy 718

When an alloy transforms from liquid to solid, the details of the solidification
process are important in order to understand the resultant microstructure.
Depending on the thermal gradient and the solidification velocity, the
solidification can be planar, cellular, or dendritic [49] (refer to Figure 3). Alloy 718
tends to have dendritic solidification during casting and welding [33], [50]. The
dendrite arm spacing of the solidification structure changes based on the
solidification conditions [51]. During the dendritic solidification of the ɀ matrix,
alloying element segregation is observed [33]. This is due to the different
solubilities of the alloying elements in the matrix phase. Elements such as Nb,
Mo, and Ti that show a low solubility limit in the solid matrix will tend to segregate
into the interdendritic region. This segregation will alter the local thermodynamics
of Alloy 718 and alter the driving force for the formation of phases. Therefore,
phrases such as Laves, Ƥ, NbC, and TiN will begin to form in the interdendritic
region during solidification. However, the partitioning of the element and the
level of segregation will depend on the cooling rate of the solidification process
[32].

Figure 3: Solidification morphology with respect to thermal gradients and cooling
rates. Adopted from [52] (printed with permission).
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Figure 4: Non-equilibrium solidification path proposed for Alloy 718 [53] (printed with
permission).

Figure 4 shows the proposed solidification sequence for Alloy 718 by
Knorovsky et al. [53]. This work is based on the experimental work performed
for an average cooling rate of less than 500 °C/s. The solidification starts with
the formation of primary ɀ phase from the liquid (L). Owing to the low solubility
of Nb and C in the matrix, Nb and C continuously reject into the liquid. As the
matrix grows, the Nb and C compositions in the liquid will reach a level where
the reaction Lĺ ɀ+NbC occurs. This reaction consumes Nb and the majority of
C in the remaining liquid, which shifts the remaining liquid composition back to
a lower level. As ɀ grows, segregation of Nb in the remaining liquid would prompt
another eutectic reaction Lĺ ɀ+Laves, which terminates the solidification
process.
Antonsson et al. [32] studied the effect of cooling rate (from 0.25 to 20000 °C/s)
on the solidification of Alloy 718. During the rapid solidification, it was observed
that the interdendritic region contains less Nb, and Laves phase was not visible.
In contrast, during slower solidification, the interdendritic region was observed
to have more Nb and Laves phase. Both the diffusion rate and partition
confidence of Nb was shown to increase with the cooling rate in their study. The
increase in lattice defects with the increase in solidification rate has been proposed
as a possible explanation for the observed increased diffusion rate and partition
coefficient.
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3.4

EBM of Alloy 718

The first experimental work related to EBM of Alloy 718 was reported by
Strondl et al. [54]. The as-built microstructure was characterised in this work.
EBSD measurements showed that the elongated γ grains are orientated with
<100> parallel to the build direction. The γ'' phase was observed in the γ matrix
with two different size ranges. In addition, lines of precipitates of (Ti,Nb)(C,N,B)
were observed along the build direction. However, the precipitation of Laves and
δ phases was not observed and reported in this study. In their follow-up work
[55], the authors investigated the effect of post-heat treatment (solution annealing
at 1000 °C for 1 h, followed by rapid cooling in water, and then precipitation
hardening at 718 °C for 8 h, furnace cooling to 621 °C, and aging at 621 °C for 18
h) on the microstructure and mechanical properties. However, the process
parameter setting and alloy composition seem to be different compared to those
in a previous investigation [54]. The microstructure in the latter study was similar
to that in the previous study, except that it had the δ phase. The mechanical
properties were shown to possess an anisotropic nature owing to the anisotropy
associated with the grain structure. With heat treatment, the mechanical
properties were shown to be improved. Investigations performed by Unocic et al.
[56] and William et al. [57] revealed that there exists a microstructure gradient
along the build direction. These authors observed a coarser δ phase at the top of
the specimen and a finer δ phase at the bottom of the specimen. This is attributed
to the different height dependent thermal exposure that a sample undergoes
during building. Kirka et al. [44] also investigated the microstructure development
of Alloy 718 produced via EBM. In their work, the observed microstructure
gradient was categorised into three regions based on the observed phases. In their
work, the Laves phase was observed close to the top surface of the specimen. An
increase in δ phase content with increasing distance from the top of the surface
resulted in a decrease in strengthening phase content with increasing distance
from the top of the specimen. This resulted in a decrease in yield and tensile
strength and elongation progressively from the top of the sample to its bottom.
Furthermore, other studies have been conducted on tailoring the grain structure
[10], [11] for the EBM built Alloy 718. The usually observed anisotropic textured
grain structure of EBM Alloy 718 will cause the material to exhibit anisotropic
material properties [58]–[60]. This will result in added complexity when designing
components for EBM. Therefore, obtaining a microstructure without textured
grains (equiaxed grains) is appreciated by the design engineers. These equiaxed
microstructures with isotropic material properties can be obtained by changing
the scanning strategy of the process [11].
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3.5

LMPDED of Alloy 718

Tian et al. [16] reported higher hardness in the bottom region than in the top
region of Alloy 718 builds deposited by LMPDED. This was rationalised based
on the measured thermal profiles at the bottom of the sample and the Nb
segregation during thermal cycles. The above finding is consistent with the
observations made by Zhang et al. [21] and Tabernero et al. [61] in as-built Alloy
718 samples fabricated using a similar process. Qi et al. [19] studied the tensile
properties of LMPDED Alloy 718 samples in the as-deposited condition and after
standard heat treatments (direct age, solution treatment + aging, homogenisation
+ solution treatment + aging). The observed differences in mechanical properties
in the as-built and post-treated conditions were correlated to the corresponding
changes observed in the microstructure. Liu et al. [18] investigated the influence
of two different laser scanning paths, namely single direction raster scanning
(SDRS) and cross direction raster scanning (CDRS), on the microstructure and
mechanical properties. The growth of columnar dendrites was observed to occur
along the deposition direction in SDRS samples compared to CDRS samples.
However, the CDRS samples showed better ductility compared to the SDRS
samples. In addition to experimental studies, modelling studies have been
performed on LMPDED, with the primary focus being on predicting melt pool
characteristics, thermal conditions, grain structure, and residual stresses [17].
However, relatively less attention has been paid to developing models to predict
the microconstituent phase formation during the LMPDED process. Nie et al.
[47] showed the presence of relationships between cooling rates along with
thermal gradients and Laves phase formation during LMPDED of Alloy 718
through a stochastic modelling work using a simplified nickel (Ni)–niobium (Nb)
alloy system. Their observations indicated that low thermal gradients and high
cooling rates can lead to a distribution of Laves phase as discrete particles rather
than in the form of a continuous network, and thus, reduce the risk of cracking.
The formation of phases during EBM and LMPDED of Alloy 718 is directly
related to the thermal conditions that the material experience while building
components. The thermal condition will differ depending on the dimensions of
the component, build time, process parameters, and post-cooling of the build
(only important in the case of EBM). Therefore, the microstructure (grain
structure, dendrite spacing, volume fraction of phases, phase distribution, etc.)
that resulted from these different thermal conditions will be different. This will
have an impact on how the microstructure changes under subsequent post-heat
treatment conditions. Therefore, comparing the published literature data to
obtain generalised conclusions might be difficult
.
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4 Microstructure Modelling Work
This chapter offers the reader a more detailed description about the
microstructure modelling work related to the present study. The chapter begins
with a brief introduction to the phase-field method and a review about its AMrelevant application. Then, a brief overview of the multiphase-field model that is
implemented in the MICRESS software (the software used in this work) is
provided. In addition, this chapter contains a more detailed information about
how the microstructure models were set up to predict the microstructure
evolution during the EBM and LMPDED processes and the subsequent postheat treatments.

4.1

Introduction

Phase-field modelling was utilised in this work to model the evolution of the
microstructure. This method has been widely used to simulate microstructure
evolution during solidification processes in the past two decades [62]–[67]. The
introduction of the so-called phase-field (order parameter) variable will give an
extra degree of freedom, additional to the alloy composition and temperature.
This has two major advantages for problem-solving. Firstly, it allows for nonequilibrium processes. This is important because most of the technical processes
are far from thermodynamic equilibrium, and they involve curvature and kinetic
undercooling and supersaturation. Secondly, there is no need to track the interface
as in the classical sharp interface modelling methods [64], [65], [68]. This is
achieved by introducing the order parameter that varies smoothly between two
phases. Therefore, in the phase-field method, the interface will be a part of the
solution. This permits handling of complex multi-dimensional patterns such as
dendritic morphologies, which are characteristic in solidification processes.
The phase-field modelling has recently been introduced into the field of AM [66],
[69]–[73]. Sahoo et al. [66] used phase-field modelling to investigate the effect of
thermal gradients and beam scan speed on the microstructure formation during
manufacturing of Ti–6Al–4V using EBM. It was shown that the columnar
dendritic spacing and width of dendrites decrease with an increase in the
temperature gradient and the beam scan speed. Acharya et al. [69] used the phasefield modelling approach to model the microstructure evolution during
manufacturing of Alloy 718 using the laser powder bed fusion process. Here,
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Alloy 718 was modelled as a Ni–Nb binary system. The model was used to predict
different features in the microstructure such as element segregation, dendrite
sizes, dendritic orientation, and dendritic morphology. In [70], [71] phase-field
modelling was used to understand the formation of Nb-rich droplets that form
during the laser powder bed fusion process of a Ni–Nb alloy. Kundin et al. [72]
investigated the effect of growth velocity during the laser powder bed fusion
process on the concentration profile for Alloy 718 using a multiphase-field
approach. All these studies indicate that the phase-field modelling approach can
be used as a tool to understand the microstructure formation during AM
processes.

4.2

Phase-Field model in MICRESS

The phase-field simulations in the present work were performed by using the
commercially available software MICRESS (version 6.400, Access e.V., Aachen,
Germany). MICRESS is based on the multiphase-field approach [68], [69]. The
multiphase-field theory describes the evolution of the multiple phase-field
parameters 𝜙𝜙𝛼𝛼=1,2,..,𝑣𝑣 (𝑥𝑥⃗, 𝑡𝑡) in space and time with the constraint
∑𝑣𝑣𝛼𝛼=1 𝜙𝜙𝛼𝛼 (𝑥𝑥⃗, 𝑡𝑡) = 1. Here, 𝑣𝑣 is the total number of local coexisting phases. These
order parameters represent the spatial distribution of multiple phases with
different thermodynamic properties and/or multiple grains with different
orientations. The phase-field parameter, 𝜙𝜙𝛼𝛼 , will take a value of 1 if phase α is
present locally and a value of 0 if the phase is not locally present. At the interface
of phase α, 𝜙𝜙𝛼𝛼 will vary smoothly from 0 to 1 over an interface thickness of η.
Only a summary of the formulation of the time evolution equations that is
implemented in MICRESS software is presented here. A more detailed
information about the formulation can be found elsewhere [68], [74].
To describe the local composition of the multicompetent alloy, a concentration
vector field 𝐶𝐶⃗ (𝑥𝑥, 𝑡𝑡) is introduced. The components of this vector, 𝐶𝐶 𝑖𝑖=1,2,..,𝑛𝑛−1,
are the concentrations of the individual elements. Here, 𝑛𝑛 is the total number of
elements in the multicomponent system. By selecting a solvent (𝑖𝑖 = 𝑛𝑛), the
number of independent solute concentrations has been reduced to 𝑛𝑛 − 1. In
order to take the solute partitioning at the interface explicitly, additional individual
phase compositions �𝐶𝐶⃑𝛼𝛼 � are introduced. The MICRESS partitioning is based on
the so called ‘quasi-equilibrium’ constraint, which combines a mass balance with
the constraint of equal phase diffusion potential [68], [74].
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𝐶𝐶 𝑖𝑖 (𝑥𝑥⃗, 𝑡𝑡) = ∑𝑣𝑣𝛼𝛼=1 𝜙𝜙𝛼𝛼 (𝑥𝑥⃗, 𝑡𝑡) 𝐶𝐶𝛼𝛼𝑖𝑖 (𝑥𝑥⃗, 𝑡𝑡)
𝜇𝜇�𝑖𝑖 ({𝜙𝜙𝛼𝛼 }, 𝐶𝐶⃗) = 𝜇𝜇�𝛼𝛼𝑖𝑖 (𝐶𝐶⃑𝛼𝛼 )

𝜇𝜇�𝑖𝑖 ({𝜙𝜙𝛼𝛼 }, 𝐶𝐶⃗) = �

𝜕𝜕𝑓𝑓 𝑡𝑡ℎ ({𝜙𝜙𝛼𝛼 }, 𝐶𝐶⃗)
�
𝜕𝜕𝐶𝐶 𝑖𝑖
𝐶𝐶 𝑗𝑗≠𝑖𝑖

𝜇𝜇�𝛼𝛼𝑖𝑖 (𝐶𝐶⃑𝛼𝛼 ) = �

𝑓𝑓𝛼𝛼 �𝐶𝐶⃗𝛼𝛼 �
�
𝜕𝜕𝐶𝐶𝛼𝛼𝑖𝑖 𝐶𝐶 𝑗𝑗≠𝑖𝑖

(1)
(2)
(3)
(4)

𝛼𝛼

Here 𝜇𝜇�𝑖𝑖 has been defined as “multiphase diffusion potential” and 𝜇𝜇�𝛼𝛼𝑖𝑖 can be
identified as “phase diffusion potential”. 𝑓𝑓𝛼𝛼 represents the free energy of the
individual phase and 𝑓𝑓 𝑡𝑡ℎ is the thermodynamic free energy (see equation 7).
For substitutional elements

𝜇𝜇�𝛼𝛼𝑖𝑖 �𝐶𝐶⃑𝛼𝛼 � = 𝜇𝜇𝛼𝛼𝑖𝑖 �𝐶𝐶⃑𝛼𝛼 � − 𝜇𝜇𝛼𝛼𝑛𝑛 �𝐶𝐶⃑𝛼𝛼 �

(5)

Quasi-equilibrium is a situation where the interface is in equilibrium with respect
to diffusion, but not with respect to movement. This means there is still a driving
force for phase transformation. The physical reasoning behind this is that the
diffusional exchange between the phases is considered to be fast or instantaneous,
while there is limited kinetics for phase transformation. The latter is a precondition for using the phase-field modelling approach because the phase-field
equation is a kinetic equation which requires a driving force, i.e., a deviation from
‘real’ equilibrium. Note that this differs from the software like DICTRA (software
by Thermo-Calc), which does not use kinetic equations but instead solve flux
equations at the interface to obtain the ‘real’ equilibrium.
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Figure 5: Graphical representation of quasi-equilibrium condition for a binary alloy.
The difference corresponds to the thermodynamic driving force ߂ܩఈఉ .

Mathematically speaking, quasi-equilibrium is obtained by minimising Gibbs
energy for fixed phase fractions (given by the phase-field equation), while real
equilibrium is obtained by minimising Gibbs energy without this constraint.
Graphically, quasi-equilibrium can be obtained by a parallel tangent construction.
It is unfortunately difficult to illustrate graphically this for a multi-component
system. Therefore, this construction is graphically represented for a binary alloy
system in Figure 5 to the Gibbs energy curves, while equilibrium is obtained by a
common tangent construction. Real equilibrium is a special case of quasiequilibrium where the driving force is 0.
The time evolution of ߶ఈ is calculated using the free energy function ܨ, which
integrates the density function ݂ over the domain ȳ. The density function ݂ will
depend on the interface energy density, ݂ ௧ , and thermodynamic free energy,
݂ ௧ . Therefore, it can be written as follows:
ܨ൫{߶ఈ }, ܥԦ൯ = ஐ [݂ ௧ ({߶ఈ }) + ݂ ௧ ({߶ఈ }, ܥԦ)] ݀ȳ

(6)

The thermodynamic free energy density is defined as follows for the entire
domain. This is based on the idea that each local unit volume of element denotes
a numerical mixture of individual phases with a fraction ߶ఈ and phase
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concentration 𝐶𝐶⃗𝛼𝛼 . In addition, solute partitioning according to the quasi
equilibrium constraints has been considered as an additional term.
𝑣𝑣
𝑖𝑖
𝑖𝑖
𝑓𝑓 𝑡𝑡ℎ ({𝜙𝜙𝛼𝛼 }, 𝐶𝐶⃗) = ∑𝑣𝑣𝛼𝛼=1 𝜙𝜙𝛼𝛼 𝑓𝑓𝛼𝛼 �𝐶𝐶⃗𝛼𝛼 � + ∑𝑛𝑛−1
� 𝑖𝑖
𝑖𝑖=1 (𝐶𝐶 − ∑𝛼𝛼=1 𝜙𝜙𝛼𝛼 𝐶𝐶𝛼𝛼 ) 𝜇𝜇

(7)

The 𝑓𝑓𝛼𝛼 can be locally evaluated based on the local phase concentrations and
temperature using CALPHAD databases.

The interfacial free energy density is defined as follows, considering the
interactions between all locally coexisting phases:
𝑓𝑓 𝑖𝑖𝑖𝑖𝑖𝑖𝑖𝑖 ({𝜙𝜙𝛼𝛼 }) = ∑𝑣𝑣𝛼𝛼=1 ∑𝑣𝑣𝛽𝛽≠𝛼𝛼

4𝜎𝜎𝛼𝛼𝛼𝛼
𝑣𝑣𝑣𝑣

�−

𝜂𝜂2
∇𝜙𝜙𝛼𝛼 ∇𝜙𝜙𝛽𝛽
𝜋𝜋2

+ 𝜙𝜙𝛼𝛼 𝜙𝜙𝛽𝛽 �

(8)

In the above equation, 𝜎𝜎𝛼𝛼𝛼𝛼 represents the anisotropic interface energy of the
interface between α and β.

The multiphase-field equation, which defines the time evolution of 𝜙𝜙𝛼𝛼 = (𝑥𝑥⃗, 𝑡𝑡)
in multiple phase transformations, is derived by minimising the total free energy
𝐹𝐹 following the relaxation principle. General version of the evolution equation
can be written as,
𝜎𝜎
𝜙𝜙̇𝛼𝛼 = ∑𝑣𝑣𝛽𝛽≠𝛼𝛼 𝑀𝑀𝛼𝛼𝛼𝛼 � 𝛼𝛼𝛼𝛼
𝐾𝐾𝛼𝛼𝛼𝛼 + ∑𝑛𝑛𝛾𝛾≠𝛽𝛽≠𝛼𝛼 𝐽𝐽𝛼𝛼𝛼𝛼𝛼𝛼 + |∇𝜙𝜙|ΔG𝛼𝛼𝛼𝛼 �
𝑣𝑣
𝜋𝜋 2

1

(9)

𝐾𝐾𝛼𝛼𝛼𝛼 = 2 �∇2 𝜙𝜙𝛼𝛼 − ∇2 𝜙𝜙𝛽𝛽 � + 2𝜂𝜂2 � 𝜙𝜙𝛼𝛼 − 𝜙𝜙𝛽𝛽 �

(10)

� 𝑖𝑖 (𝐶𝐶𝛽𝛽𝑖𝑖 − 𝐶𝐶𝛼𝛼𝑖𝑖 )
Δ𝐺𝐺𝛼𝛼𝛼𝛼 = 𝑓𝑓𝛽𝛽 �𝐶𝐶⃗𝛽𝛽 � − 𝑓𝑓𝛼𝛼 �𝐶𝐶⃗𝛼𝛼 � − ∑𝑛𝑛−1
𝑖𝑖=1 𝜇𝜇

(12)

𝐽𝐽𝛼𝛼𝛼𝛼𝛼𝛼 =

1
(𝜎𝜎
2 𝛽𝛽𝛽𝛽

𝛼𝛼𝛼𝛼

𝜋𝜋2
𝜙𝜙
𝜂𝜂2 𝛾𝛾

− 𝜎𝜎𝛼𝛼𝛼𝛼 )(

+ ∇2 𝜙𝜙𝛾𝛾 )

(11)

�𝛼𝛼𝛼𝛼 is the mobility of the α and β interface as a function of the interface
where 𝑀𝑀
orientation. 𝐽𝐽𝛼𝛼𝛼𝛼𝛼𝛼 represents the third order junction forces. 𝐾𝐾𝛼𝛼𝛼𝛼 is related to the
local pairwise curvature of the interface. The interface motion will, on the one
hand, depend on the curvature contribution (𝜎𝜎𝛼𝛼𝛼𝛼 𝐾𝐾𝛼𝛼𝛼𝛼 ) and, on the other hand, on
the thermodynamic driving force ∆𝐺𝐺𝛼𝛼𝛼𝛼 . This driving force depends on the
temperature 𝑇𝑇 and the local multicomponent composition 𝐶𝐶⃗, which couples the
phase-field equation to multiphase diffusion equations.
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𝑖𝑖𝑖𝑖

𝑖𝑖𝑖𝑖

𝑗𝑗

𝐶𝐶̇ 𝚤𝚤 = ∇ ∑𝑣𝑣𝛼𝛼=1 ∑𝑛𝑛−1
𝑗𝑗=1 𝜙𝜙𝛼𝛼 𝐷𝐷𝛼𝛼 ∇𝐶𝐶𝛼𝛼

(13)

Here, 𝐷𝐷𝛼𝛼 represents the multicomponent diffusion coefficient matrix for phase
𝑖𝑖𝑖𝑖
α. 𝐷𝐷𝛼𝛼 and ∆𝐺𝐺𝛼𝛼𝛼𝛼 �𝐶𝐶⃗, 𝑇𝑇� are calculated through direct coupling to mobility and
thermodynamic databases via the TQ-interface of Thermo-Calc Software [75].

In MICRESS, these coupled sets of equations are solved numerically using the
finite difference approach.

4.3

EBM Model setup in MICRESS (Paper A)

The objective of the study in paper A was to investigate the effect of elevated
powder bed temperature in the EBM process on microstructure formation
through microstructure modelling.
In the work, 2D phase-field simulations were carried out. The 2D domain was
selected normal to the build direction of the EBM sample. Therefore, the domain
will be an isothermal cross section and it will be normal to the primary dendrite
growth direction. The unit cell approach proposed by Warnken et al. [76] was
utilised. The edge length of the unit cell is given by primary dendrite arm spacing
(PDAS) and the unit cell contains one representative dendrite. Therefore, a unit
cell size of 6 µm × 6 µm (PDAS was measured experimentally using SEM images)
with 0.025 µm grid spacing was taken into account for the EBM solidification
simulation. Alloy 718 in the present work was modelled as a seven-component
system having the composition presented in Table 5. This simplification was
made to reduce the computational effort when calculating thermodynamic and
mobility data from the databases. The thermodynamic and mobility data for the
model were dynamically taken from the TCNI8 and MOBNI4 databases from
Thermo-Calc. In addition, the full multi-component diffusion matrix based on
the local composition values was taken into account.
The solidification simulation started with a complete liquid state with the
composition given in Table 5. The initial γ phase nucleation seed was placed at
the centre of the domain. Measuring the cooling rate of the EBM process is
difficult owing to the inherent nature of the process. Therefore, a value of
2000 K/s was assumed for the simulation. This value is in the range of the
reported cooling rate value for EBM Alloy 718 [44]. The initial temperature of the
solidification simulation was set to 1337 °C, which is the liquidus temperature
value taken from the Thermo-Calc equilibrium calculations for the current seven-
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element alloy composition. Periodic boundary conditions were assigned at the
boundaries of the simulated domain.
During the solidification, phases such as TiN, MC, and Laves will form from the
liquid [53]. In the present multiphase-field modelling work, only the formation of
the Laves phase was modelled to reduce the complexity of the model, and thus,
the computational effort. The Laves phase was allowed for nucleation at the
liquid–γ interface. To simulate the eutectic formation of Laves+γ, a nucleation
site for eutectic γ was allowed to form at the liquid-Laves interface. The ‘seedundercooling’ model implemented in the MICRESS software [77] was used for
this purpose. For both nucleations, a critical undercooling value of 2K was set.
At each 5K of temperature drop, the nucleation was checked for the Laves and
eutectic γ phases. For simplicity of the simulation, only the liquid/γ interface was
modelled as an anisotropic interface having cubic crystal anisotropy [77].
In the present work, TiN and MC were not modelled because the simplified alloy
system does not contain N and C. This assumption was made since,
i.
ii.

iii.

The N and C wt% in the alloy is comparatively lesser compared to that
in other major elements.
The volume fraction of nitrides and carbides in the microstructure was
observed to be very small. Therefore, the consumption of Ti and Nb
when forming the nitrides and carbides will not be significant and will
not significantly influence the formation of other phases.
They did not show any significant variation throughout the build height
of the sample.

In order to study the in-situ heat treatment on the as-solidified microstructure,
simulations were performed. For this purpose, an assumption was made that the
entire build volume was in isothermal equilibrium with the thermocouple at the
bottom of the build plate. Hence, the solidification simulation was stopped at
1020 °C. This microstructure resulting from the solidification simulation was used
as the input for the in-situ heat treatment simulations.
It was experimentally observed that during this in-situ heat treatment the
solidified microstructure started to homogenise. The time to achieve
homogenisation was approximately 40 min, based on the EBM machine log data
file observations. However, in cast Alloy 718, the homogenisation heat treatments
are performed at high temperatures for periods longer than 40 min. Therefore,
for comparison purposes, a hypothetical cast microstructure formation and
subsequent homogenisation heat treatment were modelled. For the as-cast
solidification microstructure simulations, a PDAS of 100 µm was selected based
upon published literature data [51]. Therefore, the unit cell domain size of 100
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µm × 100 µm with 0.5 µm grid resolution was selected in accordance with the
unit cell model. A cooling rate of 1 K/s was selected based on the published
literature data [51]. For the homogenisation heat treatment, a temperature value
of 1100 °C was taken into account according to the AMS5383E [78]. A summary
of the modelling parameters can be found in Table 3.

Table 3: Summary of the model parameters for EBM and As-cast Microstructure

EBM

As cast

Domain size (µm X µm)

6X6

100 X 100

Grid resolution-Δx (µm)

0.025

0.5

Interface thickness (η)

3 ·Δx

2.5 ·Δx

Cooling Rate (K/s)

2000

1

0

45

Initial seed rotation angle
Interface Energy - Liquid/γ (J/cm2)

1.2E-05 [72]

Interfacial stiffness Coefficient - Liquid/γ

0.2

Interfacial mobility Coefficient - Liquid/γ

0.2

Interface Energy Liquid/Laves (J/cm2)

6E-06

Interface Energy γ/Laves (J/cm2)

5E-06

4.4

LMPDED Model setup in MICRESS (Paper B)

The objective of the modelling work in paper B was to investigate the effect of
successive thermal cycling resulting in the LMPDED process on microstructure
formation and how the as-built microstructure changes during subsequent postheat treatments.
The modelling work of the LMPDED process was similar to the EBM modelling
work. A 2D domain was selected normal to the build direction in the 1st track of
the LMD sample. Therefore, the domain represents an isothermal section. The
simulation domain size was taken as 25 µm × 20 µm with 0.05 µm grid spacing.
A larger domain size (compared to the unit cell approach in EBM) was selected
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in this case so that the solidification of more than one dendrite can be taken into
consideration. This will help to avoid the regularity in the unit cell approach.
Alloy 718 in the present work is modelled as a seven-component system (similar
to that in the EBM modelling work) having the composition presented in Table
6. This simplification was made to reduce the computational effort.
Thermodynamic and mobility data for the model were dynamically taken from
the TCNI8 and MOBNI4 databases of Thermo-Calc. In addition, a full
multicomponent diffusion matrix based on the local composition values was
taken into account.
The simulation started with the complete liquid state with the composition given
Table 6. Nine initial γ seeds were positioned in the domain such that the distance
between seeds would be roughly equal to the experimentally measured primary
dendrite arm spacing (PDAS) of 7.1 µm. The initial temperature of the simulation
was set to 1337 °C. This liquidus temperature value was taken from the ThermoCalc equilibrium calculations for the current alloy composition. The
experimentally measured time-temperature profile in the 1st deposited track was
inputted into the model as the thermal condition.
In the current LMPDED multiphase-field modelling work, only the formation of
the Laves phase was modelled. This was done to reduce the complexity of the
model and computational effort, in a similar way to the EBM modelling work in
paper A.
Similarly to the EBM modelling work, in LMPDED the Laves phase was allowed
for nucleation at the liquid–γ interface. To simulate the eutectic formation of
Laves+γ, the nucleation site for eutectic γ was allowed to format the liquid–Laves
interface. For both nucleations, a critical undercooling value of 2 K was set. At
each 5 K of temperature drop, the nucleation was checked for Laves and eutectic
γ phases. For simplicity of the simulation, only the liquid–γ interface was modelled
as an anisotropic interface having cubic crystal anisotropy [77].
To investigate the effect of post-heat treatment on the deposited microstructure,
a heat treatment simulation was performed. The microstructure results from the
previous simulation were used as the initial microstructure, and the simulation
was carried out at 954 °C for 1 h. Only isothermal holding was considered, i.e.,
heating and cooling were not included. During the simulation, orthorhombic δ
phase nucleation was allowed within the γ matrix. A minimum undercooling of 1
K was set for nucleation of the δ phase. Owing to the limitations in MICRESS,
the δ/ γ interface was modelled with a tetragonal anisotropy. However, the ageing
heat treatment was not simulated in this work. The reason for this was that the
model resolution was not sufficient to model the precipitation of γ'/γ'' (similar to
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the EBM modelling work, in order to model these phases, the grid resolution
requirement was in the scale of 1 nm which requires greater computational effort).
Therefore, the precipitation during aging cannot be properly modelled. However,
the precipitation kinetics of these strengthening phases were predicted using
JMatPro (see Chapter 4.5). A summary of the parameters used is included in Table
4. The numerical parameters that are related to interfacial stiffness and mobility
were chosen based on a trial-and-error approach in order to get the correct
morphology for the phases.

Table 4: Summary of the model parameters for LMPDED microstructure

Domain size (µm X µm)

25 X 20

Grid resolution-Δx (µm)

0.05

Interface thickness (η)

2.5 ·Δx

Interface Energy - Liquid/γ (J/cm2)
Interface Energy Liquid/Laves (J/cm2)

6E-06

Interface Energy γ/Laves (J/cm2)

5E-06

Interface Energy δ/γ (J/cm2)

1E-05 [79]

Interface Energy δ/Laves (J/cm2)

5E-06

Interfacial stiffness Coefficient - Liquid/γ

0.2

Interfacial mobility Coefficient - Liquid/γ

0.2

Interfacial stiffness Coefficient - δ/γ

0.05

Interfacial mobility Coefficient - δ /γ

0.05

Elongation factor for δ/γ Interfacial stiffness
Elongation factor for δ/γ interface mobility

4.5

1.2E-05 [72]

2
0.02

Transformation diagram prediction (Paper A
& B)

The time and temperature dependency of the phase transformations during
isothermal holding and the continuous cooling can be represented by timetemperature-transformation (TTT) diagrams and continuous cooling
transformation (CCT) diagrams, respectively. They show the fraction of the phase
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transformation as a function of time and temperature. It should be noted that
these diagrams have a strong dependency on the alloy composition because the
change in the alloy composition will change the equilibrium and driving forces for
the phase transformation. To generate the TTT diagram, the desired sample that
has been held at a certain temperature will be cooled down to the chosen test
temperature. Thereafter, it will be held for a specific time and then quenched to
the room temperature. The resultant microstructure will be analysed to observe
the fraction of phase transformation that occurred during the isothermal holding,
and these data will be utilised to generate the TTT diagram. A similar approach is
used to generate the CCT diagrams. Instead of using isothermal holding, the
sample will be cooled towards room temperature at a constant cooling rate. The
microstructure is analysed in the same way as for the TTT diagram to evaluate the
fraction of the transformation.
JMatPro is a multi-platform commercial software that has the capability of
predicting the material properties and behaviour of multicomponent alloys. It was
used to predict the TTT and CCT diagrams for a given alloy composition. In the
present studies, JMatPro - ver10.2 was utilised. The nominal alloy composition
and segregated compositions predicted from multiphase-field simulations were
utilised to predict the TTT and CCT diagrams.
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5 Experimental work
This chapter contains information related to the experimental work performed to
validate the microstructure modelling work related to EBM and LMPDED.

5.1

Experimental work related to EBM (Paper A)

Plasma atomised powder (nominal size ranging from 25 to 106 μm) supplied from
Arcam AB was used to manufacture Alloy 718 samples in this work. The chemical
composition of the powder is listed in Table 5. An Arcam A2X EBM machine
was used to manufacture the samples, employing Arcam's ‘standard’ settings (melt
parameter version - Inco 4.2.76) for Alloy 718. The manufacturing process started
after the powder bed was pre-heated to about 1020 °C (measured under the base
plate), and this temperature was maintained through the whole process. It should
be noted that in this context the powder bed temperature is the global
temperature of the powder bed during the building process. When the material is
melted, the temperature will rise locally above the melting temperature, and then
cool down to this global powder bed temperature. Each deposition cycle
consisted of 1) pre-heating of the current powder layer, 2) contour melting of the
frame of the build, 3) hatch melting of the interior of the build, rotating about 65
° from the previous scanning vector of the previous layer, 4) post-heating of the
current layer, and 5) lowering down the powder bed and raking new powder to
form a uniform layer of 75 μm for the next cycle. In this batch, 16 blocks with
identical size were fabricated, and the dimension of each block obtained is
approximately 35 mm (length) × 10 mm (width) × 33 mm (height).The elevated
powder bed temperature (>1020 °C) acts as ‘in-situ’ heat treatment for the assolidified sample. The time that a specific solidified layer spends at this elevated
temperature will vary along the build direction. This will cause the material to have
a microstructure gradient along the build direction of the sample. To characterise
the microstructural gradient, cross sections parallel to the build direction were
examined at different heights from the top surface. The samples were mounted,
mechanically grounded successively from 500 Grit to 4000 Grit, and polished
with diamond suspension from 3 to 1/4 μm and with OP-U colloidal silica
suspension. A Hitachi SU70 FEG scanning electron microscope (SEM), equipped
with energy dispersive X-ray spectroscopy (EDS), was employed to detail the
phases (γ'/γ'', Laves, δ, and MC) in the microstructural and chemical
compositions, operating at 20 kV of accelerating voltage. To calculate the volume
fraction of the Laves phase, SEM images were converted to binary images using
the ImageJ program. This was achieved by distinguishing the contrast between
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the matrix and Laves phase. Note that, as Laves and NbC cannot be simply
distinguished under the SEM owing to the same contrast, the measured Laves
volume fraction actually includes both Laves phase and NbC. An electron probe
microscopic analysis was performed using the JEOL JXA-8500F equipment on
samples that were cut normal to the build direction.

Table 5: Nominal chemical composition of the raw powder and the nominal
composition used for the phase-field simulation in EBM

Element (wt%)
Ni
Cr
Fe
Nb
Mo
Co
Ti
Al
Mn
Si
Cu
C
N

5.2

Measured
Bal.
19.1
18.5
5.04
2.95
0.07
0.91
0.58
0.05
0.13
0.1
0.035
0.0128

Simulation
Bal.
19.1
18.5
5.04
2.95
0.91
0.58
-

Experimental work related to LMD (Paper B)

Gas atomised Alloy 718 powder was utilised to generate the LMPDED built
samples in this study. The powder was deposited onto an as-cast Alloy 718
substrate using a coaxial nozzle equipped with a 6 kW Ytterbium fibre laser. The
nozzle set-up was mounted on an IRB-4400 ABB Robot, which was used to
control the motion during deposition of the Alloy 718 samples. Single-wall
samples, which comprised a single layer, 2 layers, 3 layers, and 15 layers in the
build direction, were deposited. The width of the single wall was equal to the
width of a single-track and the lengths of the walls were of approximately 35 mm.
Table 6 shows the nominal compositions of both the powder and substrate. The
particle size of the powder was in the range of 20–75 μm. A volumetric powder
feeding system was utilised to deliver the powder to the coaxial nozzle with an
angular outlet. Argon was used as the carrier gas and as the shielding gas. Table 7
includes the process parameters used in the present study to generate the deposits.
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Temperature measurements that served as input for the modelling work in this
study were made at the substrate level, using type-K thermocouples according to
the method previously described by Segerstark et al. [80].
The heat treatment performed in this LMPDED study was in accordance with
the suggestion by Barron [81], and it comprised solutioning the sample using an
air furnace at 954 °C/1 h, air-cooled, followed by ageing at 760 °C/5 h-furnace
cooled + 650 °C/1 h, air-cooled. This heat treatment is generally used in the case
of Alloy 718 repaired jet engine components to avoid coarsening of γ″
precipitates present in the base component [82].

For microstructure evaluation, samples were sectioned and mounted using nonconductive Bakelite. SEM Zeiss EVO 50 scanning electron microscope (SEM)
was utilised to analyse the microstructure. In order to quantify the area fractions
of the Nb-rich constituents, SEM images were analysed using the open source
software ImageJ. Microhardness measurements were performed using a Vickers
micro-hardness testing machine with a load of 0.5 N and a dwell time of 10 s.

Table 6: Nominal chemical composition of the raw powder and the nominal
composition used for the phase-field simulation in LMD

Element (wt%)
Fe
Ni
Cr
Nb
Mo
Ti
Al
Co
Mn
Ta
Si
Cu
C
P
B

Powder
Bal.
52.7
17.5
5.0
3.17
1.07
0.68
0.2
0.065
0.003
0.088
0.048
0.031
0.006
0.003
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Simulation
Bal.
52.7
17.5
5.0
3.17
1.07
0.68
-

Table 7: LMPDED Process parameters used in this study

Parameter
Value
Laser Power (W)
1000
Scanning Speed (mm/s)
10
Powder Feed rate (g/min)
10
Powder standoff distance* (mm)
-1
Shielding gas flow rate (l/min)
11.5
Carrier gas flow rate (l/min)
3.2
Laser spot diameter (mm)
1.6
*powder standoff distance is the distance between the powder focus point and
the deposition surface
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6 Results and Discussion
In this chapter, a brief summary of the results is presented. For more detailed
results, see the appended papers. It is important to emphasise that the two studied
AM processes have a significant difference regarding the thermal conditions in
the respective process, which is why the microstructure evolution will be
different. A comparison of the modelling results of the two processes is thus not
of interest.

6.1

Homogenisation in EBM (Paper A)

The modelling predictions in paper A indicate that the elevated powder bed
temperature (>1020 °C) in the EBM process will act as an in-situ homogenisation
heat treatment for the solidified microstructure of the alloy. This homogenisation
is faster than the homogenisation time that is need for the cast Alloy 718. The
reason for this is most likely the smaller dendrite arm spacing (an order of
magnitude) in the EBM solidified microstructure compared to a cast
microstructure, which will create a shorter diffusion length for the elements.
Another reason might be the smaller Laves phase particle size in EBM solidified
microstructure compared to the larger Laves phase particle size in the cast
material. Based on these findings, it can also be assumed that selective laser
melting and LMPDED will also have faster homogenisation at elevated
temperatures (>1020 °C) compared to cast Alloy 718, since these processes have
a similar fine scale dendrite arm spacing.

6.2

Effect of successive thermal cycling (Paper B)

The effect of the successive thermal cycling in LMPDED was studied in paper B
using multiphase-field modelling. It was shown that the thermal cycling had a
limited effect, i.e., the effect of the second, third, and successive heat cycles did
not significantly change the microstructure (phases + local composition) after the
first thermal cycle under the studied process thermal conditions. The predictions
were confirmed by the experimental work as these microstructures were in good
agreement with those predicted for the studied samples. The reason for this
negligible impact could be faster heating and cooling in the thermal cycling, and
thus, little time for element diffusion. If the elements do not have sufficient time
for diffusion, then the rate at which phase transformation occurs will be slow. It
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should be noted that the global temperature in the studied samples did not
increase during processing because the waiting time between two consecutive
layers was used to eliminate such a rise. If no waiting time between two successive
layers is used, it can be expected that the temperature of the already deposited
material will begin to increase owing to heat accumulation. If the temperature in
such a case is sufficiently high (> 600 °C), it can be expected that microstructural
changes will occur. Such changes can also possible to predict using the proposed
modelling approach.

6.3

Solution heat treatment in LMPDED (Paper B)

The microstructure evolution in the solution heat treatment (at 954 °C for 1 h) of
LMPDED samples was evaluated in paper B. The multiphase-field modelling
approach was shown capable of studying this evolution using the as-built
LMPDED microstructure as an input to the model. The δ phase was observed to
precipitate in the interdendritic regions. The reason for this is the change in the
local thermodynamics and kinetics properties of the alloy owing to element
segregation (see Section 6.5). The Laves phase that was present in the as-built
microstructure was observed to partially dissolve during the solution heat
treatment. This prediction was in good agreement with the experimentally
observed microstructure of heat-treated samples. This indicates that without
removing this segregation through homogenisation heat treatments, the
formation of the δ phase in the interdendritic region cannot be avoided during
the standard solution heat treatment temperatures (below the δ solvus
temperature) for Alloy 718.

6.4

Segregation of elements (Paper A and B)

The effect of the element segregation during solidification on the phase
transformation kinetics was evaluated in both paper A and B. The CCT and TTT
diagrams were generated using JMatPro with the compositions predicted from
multiphase-field simulations. The CCT and TTT diagrams generated related to
the compositions at the dendrite core and at the interdendritic region showed
clear differences in the phase transformation kinetics. The interdendritic region
showed an over one order of magnitude faster phase precipitation (γ'/γ'' and δ)
compared to the dendrite core. The reason for this accelerated phase precipitation
is related to the change in the local thermodynamic and kinetic properties of the
alloy owing to element segregation. This predicted change in precipitation kinetics
38

RESULTS AND DISCUSSION

was shown to be in good agreement with the observed phase gradient from the
core of the dendrite to the interdendritic region.
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7 Summary and Conclusions
The microstructure evolution in AM (EBM and LMPDED) of Alloy 718 can be
predicted using the multiphase-field method. It was shown by using the local
process thermal conditions, mainly the time–temperature histories in both the
EBM (paper A) and the LMPDED (paper B) processes as inputs to the models.
The commercially available software MICRESS was used in these evaluations.
Furthermore, the multiphase-field method was capable of modelling the
microstructure evolution during subsequent heat treatments. For this, the as-built
microstructure was used as an input together with the thermal conditions in the
respective heat treatments. The results also showed that the predicted local
compositions from the multiphase-field simulations can be used to evaluate the
changes in phase precipitation kinetics using CCT and TTT diagrams, which were
generated using the commercially available software JMatPro. The results imply
that the proposed modelling approach can be a promising tool to understand how
the thermal conditions in AM affect the microstructure formation during the
building process and how these as-built microstructures will change under
different heat treatments. The modelling methodology can thus be useful both
for understanding the relationships between process conditions and
microstructure evolution in AM and for reducing the number of experiments to
achieve a desired microstructure.
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8 Future Work
The work in this thesis was focused on predicting the microstructure evolution in
Alloy 718 during AM and the subsequent heat treatment. The thermal conditions
that occur in LMPDED and EBM were used for this purpose. Further work is
needed to gain a more detailed understanding of the relationships between the
thermal conditions and microstructure evolution in AM. The following are
examples of the possible future work:
•
•
•

•

•

The modelling work performed in this thesis was of qualitative nature. In
order to obtain quantitative predictions, the models must be calibrated.
Modelling of strengthening phases was not considered in the current
multiphase-field modelling work. Hence, the formation of strengthening
phases can be considered in the future work.
Effects of grain boundaries on the formation of phases were not
considered in this work. Consequently, this can be added to the existing
models to observe how grain boundaries will affect the microstructure
formation.
Thermal gradients and cooling rates are key thermal conditions that affect
the solidification structure in any solidification process. By changing the
thermal gradients and cooling rates, a more comprehensive study of the
microstructure formation can be performed. The modelling approach in
this work can thus be extended to gain a more comprehensive
understanding on microstructure formation in AM of Alloy 718.
A more comprehensive modelling study can also be performed on heat
treatments to fully understand how the as-built microstructure of EBM
and LMPDED will change during different heat treatment cycles.
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Microstructure Modelling of Additive
Manufacturing of Alloy 718
Although metal additive manufacturing (AM) has gained signiﬁcant attention, several
challenges must be solved for AM to be used in industrial production more effectively.
During manufacturing, the building material undergoes rapid solidiﬁcation and thermal
cycling owing to the layer-upon-layer building process. This causes complex thermal
conditions that drive phase transformation from liquid to solid and solid state. In addition, post-treatment, such as hot isostatic pressing and heat treatment, causes further
changes in the material. Consequently, obtaining products with the desired quality and
performance by AM is not a straightforward task. These material changes can signiﬁcantly modify the functional performance of the component. It is thus important to identify the effect of these thermal conditions on the microstructure. Therefore, in this work,
multiphase-ﬁeld modelling approach combine with transformation kinetics modelling
was carried out to model the microstructure evolution in electron beam melting and laser
metal powder directed energy deposition of Alloy 718 and subsequent heat treatments.
The thermal conditions that are generated during the building process were used as input
to the models to predict the as-built microstructure. This as-built microstructure was
then used as an input for the heat treatment simulations to predict the microstructural
evolution during heat treatments. The microstructure modelling predictions agreed well
with the experimental observations. The proposed methodology used in this thesis work
can be an appropriate tool to understand how the thermal conditions in AM affect the microstructure formation during the building process during subsequent heat treatments.
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